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Abstract

Aluminium-based metal-matrix composites were fabricated by liquid metal
infiltration of short alumina (Saffil) fibre preforms. Two fibre volume fractions
(0.08 Vf and 0.26 Vf) and two matrices, based upon the precipitation-hardening

Al-Cu-Mg-Ag system, were used. Good infiltration and uniform fibre distribution
were achieved in all four composite systems.
Unreinforced alloys and composites were evaluated in cast and heat-treated
conditions. The experiments involved microhardness tests, microstructural analysis
and mechanical (tensile) testing.
It was found that the presence of Saffil fibres caused depletion of magnesium
in the matrix as a result of its segregation to fibres during fabrication and subsequent
heat treatment. This effect reduced the age-hardening response of the matrix in all
composites and was most pronounced in composites of higher Vf. Peak hardness in
415-based composites was associated with the formation of the 0' phase, but there
was insufficient magnesium present for precipitation of the

£2

phase, unlike

unreinforced 415 alloy which contained £2 and 0' precipitates. Peak hardness in
2124/Ag-based composites was associated with the formation of both £2 and 0'
precipitates. The matrix thus contained sufficient magnesium to allow £2 formation,
despite the segregation of magnesium to the fibres.
In both matrix systems, the measured Young's modulus and tensile strength
for the low Vf composites agreed reasonably well with theoretical values predicted by
a modified Rule of Mixtures treatment. Correlation between experimental and
theoretical values for the high Vf composites was not as good, particularly in
2124/Ag-based composite. Ageing increased 0.1 % proof stresses and tensile
strengths in all composites. Composite failure occurred via a complex combination of
factors, including plastic deformation of the matrix, cracking of transverse fibres,
debonding of fibres from the matrix and pull-out of fibres.
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Introduction

1.1

Composite materials

As modem technology advances, the need arises for materials with properties
superior to those of conventional materials, particularly where demanding service
requirements are involved. Consequently the number and variety of engineering
materials available has grown considerably. Metals and alloys constituted the major
class of engineering materials until as recently as the 1960s. Since then the
development of polymers, ceramics, alloys and combinations of these materials has led
to some of the greatest technological advances ever achieved, in areas ranging from
microelectronic circuitry to the production of interplanetary space craft
Most materials possess some properties that make them attractive for use in
certain applications, but also one or more disadvantageous characteristics. Even in the
most advanced high strength alloys it is not possible to attain the theoretical strength
of crystals (generally recognised as approximately E/10, where E is Young's modulus
[ 1 ]) because of the weakening effect of dislocations and cracks. Conversely, it is well
known that ceramic materials are almost unrivalled where high strength, stiffness and
elastic modulus are concerned, but they are notoriously brittle and susceptible to
fracture.
To overcome problems such as these it may be possible to combine two
materials with complementary characteristics. The combination could, in theory, allow
the exploitation of the better properties of the components whilst simultaneously
mitigating their less desirable characteristics. It is this principle that has formed the
basis for the development of composite materials over the last two or three decades.
Composite materials consist of a base material, or matrix, in which is dispersed
another material, the reinforcement, which provides a strengthening effect. The way in
which the two components interact, both microstructurally and on a larger scale,
determines the properties of the composite. The matrix material may be metallic,

ceramic or polymeric, hence the terms metal-matrix composite (MMC), ceramicmatrix composite (CMC) and polymer-matrix composite (PMC). The reinforcing
phase needs to be as strong and reliable as possible to allow a full exploitation of its
potential. The strongest forms of all materials are thin whiskers or fibres [2, 3] since
these are generally too small and thin to contain the critical size of flaw found
inevitably in bulk materials. The reinforcing component of a composite may therefore
take the form of either fibres, whiskers or small particles, as discussed in Section 1.4.
This project is concerned with metal-matrix composites, and in subsequent
sections of this chapter the current state of MMC technology is reviewed. Reference
is made to the various matrix and fibre materials available, processing techniques for
MMCs, and the ways in which fibre and matrix may interact. A review of mechanical
properties of MMCs is then presented, and the need for optimisation of matrix
microstructure is highlighted.

1.2

Metal-matrix composites (MMCs) and their applications

There has been growing interest in metal-matrix composites (MMCs) over
recent years, due mainly to the potential improvement in properties, such as specific
strength, specific stiffness and wear resistance, over those of the component materials.
Given an appropriate combination of reinforcement and matrix, the resulting
composite material may be suitable for use in more demanding service environments
[4]. The specific combination of matrix and reinforcement may be tailored for
particular purposes by the use of different matrix metals, different types of
reinforcement (continuous fibres, short fibres, particles, or a combination of these),
and by altering the proportion and orientation of the reinforcing component. For each
composite system it is necessary to appreciate fully the relationship that exists
between microstructure and properties in order to realise the potential of the material.
The major factors preventing the widespread commercial use of MMCs are
the high costs of raw materials and production. The use of MMCs has therefore been
2

restricted to industries for which the cost of manufacture is low in comparison to the
potential gains in performance and marketability. MMCs have thus elicited a great
deal of interest in the automotive industry, where mass production could lower the
cost per component, and the aerospace industry, where cost is recognised to be of
minor importance compared to weight savings and thus enhanced performance,
particularly in the case of military aircraft
In recent years the growing need to build lighter, quieter, more fuel efficient
engines has led to the redesign of components such as connecting rods, pistons and
cylinder linings, and in some cases MMCs have replaced conventional alloys for these
components [5, 6 , 7]. The most widespread current use of MMCs in cars is in the
short-fibre-reinforced aluminium piston. Toyota has used MMC pistons for several
years in some of its models, providing a reduced piston weight and therefore
enhanced fuel efficiency, in addition to improved wear resistance and thermal fatigue
at operating temperatures. Diesel engines, which operate under higher compression
ratios and hotter temperatures than petrol engines, constitute the largest users of
MMC pistons.
Connecting rods are another obvious target for MMC use. A major weight
reduction is possible by using fibre-reinforced light-weight metal in place of
conventional steel connecting rods. Porsche has experimented with reinforced
titanium con-rods in some of its models, although the cost is still prohibitively high for
large scale use. Honda has used a fibre-reinforced aluminium alloy cylinder liner in its
"Prelude" model, replacing cast iron and thus giving improved stiffness and wear
resistance and again reduced weight. Other engine applications have been considered
but, at present, cost is the over-riding concern.
In contrast, the aerospace industry's major concern is saving weight and
thereby increasing the amount of fuel which may be carried [8 ]. Military aircraft were
the first to use MMC components, in particular for turbine blades [9] and in the
airframe structure. In such cases the potential gains in performance far outweigh the
costs involved. Another example of MMC usage in the aerospace industry is in the

cargo bay area of the NASA Space- Shuttle, which consists of hundreds of boron
fibre-reinforced aluminium struts [6 ] to provide high specific stiffness.
The potential for use of MMCs in the civil aircraft market is, however, largely
dependent on costs, which are prohibitively high. Their use is also restricted by a
limited understanding of the design techniques required for composite components.
Despite these factors, there is considerable interest in the application of MMCs for
commercial aircraft because of their higher specific properties and hence the possible
weight reduction of components. It may be feasible to provide near-net-shape
extruded MMC components that save not only weight, compared with alloys which
have lower specific properties, but also expenditure, by avoiding the need for
machining processes often required with other production routes. In a recent paper
[ 1 0 ], systems such as extruded aluminium alloy reinforced with silicon carbide
particles have been studied. The author estimates that particle-reinforced aluminium
composites could constitute up to

10

% of the structural weight of a modem subsonic

civil airliner, in areas such as the upper wing and the internal structure of the fuselage.
In addition to the applications discussed above, metal-matrix composites have
found application in the leisure and sport industries for articles such as bicycle frames
and golf club heads, where light weight and structural stiffness are required. MMCs
have also been used in the field of telecommunications, for example in integrated
circuits and radar antennae [6 ], where properties such as low density, low thermal
conductivity and structural stiffness are exploited.

1.3

The matrix

Metals with low densities, such as aluminium, magnesium and titanium
(densities 2.70 gem-3, 1.74 gem- 3 and 4.51 gem ' 3 respectively [11]), and their alloys,
have been extensively developed for use as the matrices in MMCs. Aluminium alloys
have been the most widely-studied group of matrix materials, due mainly to the
availability of aluminium and the versatility of its alloys. In addition, its relatively low

melting point allows generally easy casting and reduces the likelihood of detrimental
fibre-matrix interactions during processing.
There are numerous examples of systems utilising aluminium and its alloys as
composite matrices. The Al-Si system has received much attention because of the high
casting fluidity conferred by the Al-Si eutectic constituent The wrought Al-Cu system
(known as the 2 xxx series) has also been studied widely because of its availability and
the depth of knowledge of its behaviour. For example, carbon fibre reinforced Al13 % Si and Al-5 % Cu-Mg-Ti alloys have been developed for high-performance
engine applications, particularly connecting rods and pistons [12,13].
Other examples of the use of aluminium-based composites include those in
which the alloying elements have been chosen to confer specific properties, such as to
improve the wetting of reinforcement by the addition of magnesium or silicon to the
alloy [14]. In such cases, however, wetting of fibres by the matrix may be so complete
that some form of interfacial reaction occurs, a phenomenon that is often detrimental
to composite properties. This is discussed further in Section 1.6.1.
Magnesium-based MMCs have received considerable interest due to the
particularly low density of the matrix and thus the high specific properties achievable.
Many studies have been carried out on the strengthening of magnesium alloys by
incorporating various forms of reinforcement [15, 16, 17]. However, in many cases
the extreme chemical reactivity and poor corrosion resistance of magnesium alloys
have hindered progress with their use as composite matrices.
Titanium-based MMCs have been the subject of many studies as a result of the
widespread use of titanium alloys in the aerospace industry, although cost is the over
riding restriction on further applications. Titanium has also been employed in several
intermetallic matrix composites, particularly the Ti-Al system [15, 18], which
possesses a high elastic modulus and tensile strength and good oxidation resistance.
The high chemical reactivity of titanium can, however, cause problems of interfacial
degradation [19], leading to embrittlement of the fibre-matrix interface and premature
failure.
5

1.4

The reinforcement

The technology of fibre production has advanced significantly over the last
few decades [2 0 ], and there is now a wide variety of fibre reinforcements available for
commercial use. Some of these are given in Table 1.4 with typical properties.
Reinforcing fibres vary from brittle ceramic fibres, such as carbon and glass, to
polymer-based fibres such as Kevlar and polyethylene. It is now possible to fabricate
many of these materials in the form of long fibres, by continuous drawing and
spooling techniques, and in the form of discontinuous reinforcement such as short
fibres, whiskers or particles. The choice of reinforcing phase must be made according
to the choice of matrix, the range of processing routes available and the end use of the
component. Furthermore, the ways in which reinforcement and matrix interact must
be fully understood when selecting composite components.

Fibre

Material

Diameter
(pm)

E-Glass

borosilicate

5 -2 0

Carbon

carbon

7 -1 1

Kevlar

polyamide

Nicalon

Density
(gem-3)

Elastic modulus
(GPa)

Tensile
strength
(GPa)

73

3.5

. - 2 .1

23 0 -1 0 0 0

3 .8 -5 .0

12

1.5

12 0

2.7

SiC-based

1 0 - 2 0

2 .6

1 8 2 -2 1 0

2.5 - 3.3

FP

alumina

2 0

3.9

370

1.4

Saffil

alumina

3

3.3

300

2 .0

2 .6

1 8

Table 1.4 - Properties of Selected Reinforcements [2,21, 22].

1.4.1

Continuous reinforcement

There has recently been a growing interest in fibre-reinforced composites, due
to the availability of good quality, relatively inexpensive ceramic fibres [2]. In many

6

load-bearing applications, tensile properties may be improved by the addition of long,
stiff fibres to the matrix in the direction of the tensile load. For this reason the use of
continuous fibres in composite materials is widespread. However, the properties of
this type of composite are inherently anisotropic, and this must be considered when
designing a component. Current processing routes and applications for continuous
fibre composites are reviewed in a recent study by Partridge and Ward-Close [22].
Some of the most common continuous fibres currently in use are glass fibres
which are relatively cheap to produce, and carbon fibres which are derived from
sources such as pitch and polyacrylonitrile (PAN). Most glass fibre reinforcement is
based on borosilicate glass and is used mainly in polymer matrix composites. Carbon
fibres have a very high modulus (up to 1000 GPa in some cases [2]), but tend to be
very susceptible to oxidation. Studies on carbon fibre-reinforced metal-matrix
composites [12,23,24,25] show that, in general, carbon fibres tend to react
vigorously, either with molten metal during composite fabrication or via a solid-state
reaction with the matrix during cooling, leading to the formation of brittle interfacial
reaction products such as carbides which can have a detrimental effect upon the
composite's properties [23, 25]. The use of carbon fibres in MMCs is therefore
limited.
This situation has led to the development of ceramic fibres more suited to use
in MMCs, particularly those based on silicon carbide (SiC) [26] or alumina (AI2 O3 )
[14, 27, 28]. Considerable attention has been paid in recent years to a silicon carbidebased fibre known as Nicalon (Nippon Carbon Ltd.) [29]. The fibre is made by
pyrolysis of an organo-metallic filament, and the resultant structure is now known to
consist of free carbon, silicon oxycarbide and silicon carbide [30, 31]. Nicalon fibre
has good mechanical properties, with a tensile strength of up to 3.2 GPa and tensile
modulus of ~ 200 GPa [21]. Unfortunately the presence of free carbon in Nicalon has
been found to cause problems similar to those encountered in carbon fibre-reinforced
metals, such as the formation of brittle carbides and spinel phases [32-35].

7

Alumina-based fibres constitute a major part of the continuous reinforcement
used in aluminium-based MMCs, due mainly to the compatibility between aluminium
and alumina and the fact that the fibres are relatively cheap to produce. There are,
however, some problems associated with the tenacious oxide film present on the
surface of molten aluminium which leads to poor wetting between the components
[36]. For this reason small amounts of alloying elements such as silicon, lithium or
magnesium, which increase the surface energy of aluminium, are often added to
aluminium alloys to improve the wetting of reinforcements [14,27,37]. Such
elements may, however, undergo reaction with the alumina fibres, as discussed further
in Section 1.6.1.
There are several types of alumina fibre available for commercial use. These
include a DuPont product designated FP-alumina [28], Sumitomo Altex fibres which
consist of alumina and 15 wt % silica, and an ICI product known as Safimax, which
also contains a small proportion (~ 3 wt %) of silica.

1.4.2

Discontinuous reinforcement

Despite the significant increases in longitudinal tensile properties that may be
achieved by using continuous fibres, the anisotropy of such composites restricts their
application in some areas, for example where an improvement in properties in the
transverse direction is also required. For this reason multi-ply laminates may be used
[3]. In addition, discontinuous reinforcements such as whiskers, short fibres and
particles have recently aroused a great deal of interest [38]. Furthermore, the use of
discontinuous reinforcements often reduces the extent of processing problems
encountered with continuous fibres, such as fibre damage or poor infiltration due to
fibre contact.

8

1.4.2 (a)

Whiskers

Whiskers have been used as reinforcement in various studies [38-42].
Whiskers have strengths approaching the material's theoretical strength because they
contain relatively few crystallographic defects, in contrast to bulk materials. Whiskers
generally have diameters of between 0.1 pm and 2 pm and lengths of between 50 pm
and 200 pm. One major advantage of whiskers is that, by virtue of their small size,
conventional processing techniques such as powder metallurgy and casting routes may
be used for incorporating them into a metal [38]. The most common forms of whisker
reinforcements currently in use are silicon carbide and alumina; however, the
extensive use of whisker reinforcement is limited by processing costs and the health
hazards associated with this type of material.

1.4.2 (b)

Particles

Although the use of fibre reinforcements leads to improvements in structural
stiffness and tensile strength, it is also possible to enhance the wear resistance,
hardness and compression strength of materials by the incorporation of particles. In
addition, it is possible to manufacture particle-reinforced metals via several
conventional processing routes, such as powder metallurgy and casting [43,44].
Moreover these materials have essentially isotropic properties. The particulate
materials that have been used most in MMCs in recent years are silicon carbide, SiC
[45-49] and alumina, AI2 O 3 [44, 50, 51]; some nitrides and borides have also been
studied.
The main problem associated with particulate reinforcement is that of
achieving a uniform dispersion of particles within the metal matrix. This problem has
been addressed in various ways, many of which are reviewed in recent works by
Ibrahim et al [44] and by Girot et al [38]. One way of achieving a uniform particle
9

dispersion is to use a binder to separate the particles during manufacture. This method
may unfortunately lead to other problems. Indeed a recent report by Lai and Chung
[52] describes the manufacture of composites with high volume fractions (up to
0.75 Vf) of particles by using an acid phosphate binder; AIN and SiC particles were

observed to react with the binder, whilst AI2 O3 particles tended to cluster and thus
prevent complete infiltration, despite the presence of the phosphate binder.

1.4.2(c)

Short fibres

The use of short-fibre reinforcement offers the two-fold advantage of
maintaining the mechanical performance of ceramic fibres whilst eliminating the
anisotropy of continuously-reinforced materials. However, the improvement in tensile
properties with short fibres is generally not as good as that achieved with long
unidirectional fibres. The choice of reinforcement must therefore be based upon an
understanding of the end use of the component and the particular properties required.
The most common material used for short-fibre reinforcement is alumina, due
mainly to the relatively low costs involved in processing. Among the types of alumina
fibre currently available commercially, ICI's Saffil fibres (a trademark of Imperial
Chemical Industries pic, for alumina fibre) have been the subject of many studies due
to their excellent mechanical properties, with tensile strengths of ~ 2 GPa and an
elastic modulus of 300 GPa [21].
ICI first developed Saffil fibres over ten years ago as an asbestos replacement,
hence its name which is derived from the expression SAFe FTLament [5]. The fibres
are available as a continuous mat, with fibre lengths of 1 0 - 5 0 mm, and more
commonly as the short fibres (up to 500 pm) which have been used in this research.
Saffil short fibres [53] are manufactured by a solution spinning process to give
fibre lengths ranging from 100 pm to 500 pm. The process allows tight control of
fibre diameter, giving a small variation about a mean fibre diameter of 3 pm. The
fibres are passed through a silica binder to ease handling, and compressed to form a

*biscuit' or preform, approximately 100 mm in diameter. The compression process
controls the preform density and thus the volume fraction of fibres, and the fibre
orientation. Various orientations are possible, as illustrated in Figure 1.1. The
preforms most commonly used consist of fibres oriented randomly in the plane of the
preform, as is often used for the reinforcement of pistons.
Saffil fibres consist of 8 -alumina with ~ 4 wt % silica. The silica is added as a
growth inhibitor to control the transformation from the 8 -alumina phase to the aalumina phase, which can take place during the various fibre treatments [53].
Formation of the a phase is associated with a decrease in strength, and it is therefore
desirable to limit its formation.
Saffil has been used in many studies of aluminium- and magnesium-based
metal-matrix composites. The inclusion of Saffil fibres has been reported to improve
properties such as yield strength and elastic modulus at both ambient and elevated
temperatures [16, 27, 54, 55]. Indeed, test results obtained by Chou, Kelly and Okura
[15] indicate that a modulus enhancement of ~ 20 % over that of unreinforced alloy
may be achieved by incorporating Saffil fibres into alloys such as Al-Si, Al-Mg and
Al-Cu. It has, however, been widely reported that properties such as ductility, fatigue
crack growth and impact toughness are adversely affected by the presence of Saffil
[16, 54, 56, 57]. In addition there is evidence to suggest that the presence of some
alloying elements, particularly magnesium, has a detrimental effect upon composite
properties due to segregation to the alumina fibres [49, 56, 58, 59]. This matter is
discussed further in a later section dealing with interfacial phenomena (Section 1.6.1).

1.5

Manufacturing methods for MMCs

Metal-matrix composites may be produced by a variety of techniques which
fall into three basic categories:
(i)

solid-state processing,

(ii)

processing in a partially-solidified (semi-solid) state,

and

(iii)

liquid (molten) metal processing.

There have recently been several comprehensive reviews of the processing techniques
used for MMCs, including those by Mykura [60,61], Zhu [62] and Levi et al [63].
In general, processes carried out in the solid state are restrictive because they
involve various time-consuming stages, and only comparatively simple shapes may be
cast. Liquid-phase routes, however, allow the production of near-net-shape
components relatively quickly and with a variety of reinforcements, as discussed by
Harris in his review of cast MMCs [64]. Consequently liquid-phase fabrication routes
often involve lower costs than the solid-state processes, as acknowledged by
Chadwick in a recent review [65].

1.5.1

Solid-state processes

Processes carried out in the solid state generally involve the blending of
metallic powders with reinforcement, followed by a number of consolidation stages.
The two main fabrication routes which comprise this category are diffusion bonding
[66,67] and powder processing [15, 38,

1.5.1(a)

6 8

, 69].

Diffusion bonding

The diffusion bonding method of composite fabrication involves the
consolidation of sheets or films of composite by the diffusion of metal between them
[15,

6 6

, 67]. This is achieved by the application of pressure and temperature. The

composite sheets may be made in various ways depending upon the reinforcement; the
most common method is to wind long fibres on to a mandrel and then coat them with
the matrix metal, using processes such as plasma spraying or chemical vapour
deposition (CVD). The pressure required to achieve final consolidation may damage
larger fibres or bundles [23,24,70,71]. The diffusion bonding method does,
however, offer several advantages over other routes. Firstly, the relatively low
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temperatures involved minimise the -danger of detrimental fibre-matrix interactions
and, secondly, the pressing stage helps to enhance composite consolidation by
eliminating voids.

1.5.1(b)

Powder processing

Powder processing techniques for composite manufacture [15, 38,

6 8

, 69, 72,

73] involve the mixing of a metallic powder with reinforcement (fibres or particles),
followed by pressing to form a billet which may then be shaped via conventional
metallurgical techniques such as extrusion or rolling. Many of the features of powder
routes and their potential advantages and drawbacks were reviewed recently by
Liu et al [69].
Potential drawbacks of powder processing routes include the need for some
dispersion process during the pressing stage in order to break up the oxide which
tends to form on the metal surface. In addition, conventional extrusion processes can
cause fibre damage or, in extreme cases, non-uniform distribution of fibres. The
metallic powders and the blending stage used in powder processing are expensive and
potentially dangerous. However, powder blending methods are relatively easy ways of
producing particle-reinforced metals [72, 73] and are used, therefore, mainly in
specialised high-cost applications.

The Osprey process may be included in the category of solid-state processing
routes, although it may also justifiably be described as a semi-solid state method [72].
During the Osprey process (also known as spray co-deposition), particles of
reinforcement are introduced into a stream of the molten matrix alloy which is
subsequently atomised by inert gas jets [43, 74]. Rather than allowing the atomised
droplets to solidify fully, as with conventional powder routes, the semi-solid droplets
of composite are collected on a substrate until the required dimensions are achieved.
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The spray co-deposition process has been used for the successful manufacture of
several MMC systems [73].

1.5.2

Semi-solid state processes

Processes which fall into this category involve the blending of matrix and
reinforcement in such a way that the matrix contains both solid- and liquid-phase
attributes. One such process is compocasting, a method based upon the wellestablished rheocasting technique used for the production of cast alloys.

1.5.2 (a)

Rheocasting

Most conventional casting processes do not utilise semi-solid metals because
of the formation of a dendritic structure which stiffens the metal and prevents it from
flowing readily at solid contents of ~ 20 %. The partially-solidified metal may not be
subsequently deformed without cracking or the formation of segregates. However,
when a metal is agitated vigorously during solidification, the dendritic structure is
constantly disrupted and the alloy behaves as a highly-fluid slurry even with up to
60 % solid constituent. These metals may therefore be cast readily by using
conventional methods. The method of directly casting a highly fluid, semi-solid, nondendritic slurry is known as rheocasting [75].
The process has been used for several years, producing cast alloys which are
often considered to be more reliable than those produced by conventional casting
techniques. This is attributed to two factors: firsdy, there is less shrinkage in the
mould because the metal is already partially solid and, secondly, the metal is
considerably more viscous than a fully liquid metal so it is less susceptible to gas
entrapment during moulding. By virtue of such factors, in particular the high solid
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content, the rheocasting technique lends itself to the processing of metal-matrix
composites.

1.5.2 (b)

Compocasting

Compocasting is a modification of the rheocasting technique whereby particles
or fibres are added to the semi-solid, vigorously-agitated metal slurry [15, 75]. The
reinforcement, which may be particles or short fibres, becomes trapped in the slurry,
and the high viscosity of the mixture prevents particles or fibres from agglomerating
or floating. During mixing the reinforcement and matrix interact to facilitate a good
degree of bonding, and the temperature of the mixer may be controlled to maintain the
semi-solid state (below the liquidus temperature of the alloy). After thorough mixing
the composite slurry is poured into a casting mould.
In a recent study by Karandikar and Chou [76], compocasting was used to
make a 2024 aluminium alloy reinforced with discontinuous FP-alumina fibres. The
method produced composites with uniform fibre distribution, but a large amount of
porosity was observed. Porosity due to gas entrapment may arise as a result of
moisture on the surface of the reinforcement, which may react with the matrix and so
evolve hydrogen, or from trapped air between the reinforcing elements. In another
compocasting study, Quigley et al [37] studied an Al - 4 wt % Mg alloy reinforced
with approximately 0.23 Vf FP-alumina fibres. The fibres were completely wetted by
and bonded to the matrix, and fibre distribution was fairly uniform. Measured tensile
properties of the composite specimens were superior to those of the matrix alloy; for
example, the modulus of elasticity was improved by ~ 50 %.
Compocasting has also been used for the manufacture of magnesium-based
MMCs. In a comprehensive study of the effects of processing variables upon
microstructure, Laurent et al [77] found that the compocasting technique could
produce magnesium-based composites with a uniform dispersion of particles and an
improvement in tensile strength of up to

20

% compared to the unreinforced matrix.
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1.5.3

Liquid-state processes

Processes carried out in the liquid state involve the incorporation of
reinforcement into the molten matrix metal, followed by mixing or consolidation and
finally casting. The main techniques in this category are stir casting and liquid metal
infiltration (LMI).

1.5.3(a)

Stir casting

One of the simplest ways to combine the components of a metal-matrix
composite is to stir the reinforcement into the molten alloy. This principle forms the
basis of the stir casting route for MMC manufacture [38, 43, 47, 48, 78, 79]. A
known amount of reinforcement is poured into a container of molten metal and stirred
thoroughly to mix the components, and the mixture is then poured into a mould. The
nature of the mixing process means that the method is suitable only for discontinuous
reinforcements, such as particles of silicon carbide or alumina [47,48,78]. The most
important process variables are the temperature of the melt, the speed of the stirrer
and the degree of dispersion of the particles.
Despite the simplicity of the process, several difficulties are encountered
during stir casting of MMCs [72], including agglomeration of the reinforcing phase,
interfacial reactions due to the high temperatures involved, and segregation of alloy
constituents. The technique is, therefore, most commonly used for small-scale
production of particle-reinforced composite material where cost is limited.

1.5.3 (b)

Liquid metal infiltration (LMI)

Liquid metal infiltration (LMI) processes [15, 23, 33, 60, 61,70, 71, 80]
#

involve infiltration of reinforcement by molten metal. The reinforcing component may
take the form of continuous fibres wound into bundles or a preform of discontinuous
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reinforcement. Infiltration may be achieved by using atmospheric pressure, inert gas
pressure or, in the case of fibres prone to oxidation, a vacuum. Liquid metal
infiltration processes may be sub-divided according to the degree of applied pressure.
Processes in which low pressures are used to aid infiltration typically use gas pressure,
whereas those LMI processes in which infiltration is aided by high pressure usually
involve the use of a mechanical system such as a hydraulic ram, and such processes
are thus described as squeeze casting LMI routes.
Many of the key aspects of liquid metal infiltration are reviewed in two recent
papers by Zhang, Long and Flower [80, 81], the latter of which addresses some
infiltration defects commonly encountered in fibre-reinforced metals. One of the
problems associated with the infiltration of fibres by molten metal is that of remnant
porosity between the matrix and the reinforcement. This is due to touching fibres
which trap air between them, and these voids require higher pressures for complete
infiltration. Such voids may act as crack initiation sites and limit composite mechanical
properties. The solution lies in controlling infiltration parameters such as preform
structure, temperature and pressure [80]. The high pressures used in squeeze casting
may also reduce the extent of inter-fibre voids.
Another commonly-encountered problem associated with the production of
MMCs is wettability, particularly in the case of alumina fibres in an aluminium matrix
[63]. It is necessary for wetting of fibres to occur as readily as possible to reduce the
external pressure required for complete infiltration of the reinforcement. Many studies
have been performed aimed at improving the wettability of aluminium/alumina
systems, and two different approaches have been followed. The first involves fibre
coatings, although these often dissolve in the molten metal. Therefore the second
approach, which involves the addition of alloying elements to aluminium, is more
widely used. Elements commonly added to enhance wetting include magnesium and
silicon, but their inclusion can give rise to other problems, as discussed in Section
1.6.1. In a recent review by Mortensen [82], wetting phenomena pertinent to the
processing of MMCs are addressed in terms of both chemical and mechanical effects.
17

Most liquid state processing routes do not require very high pressures for
complete infiltration [83], and therefore do not generally cause problems of fibre
damage. However, the reactivity of the liquid metal often constitutes the main source
of problems in composites manufactured by these techniques. It is often found that the
metal reacts with the reinforcement to form a new phase, the presence of which may
be detrimental to the properties of the composite [19, 23, 24,43, 56]. Examples of
specific systems and reactions which may be encountered are discussed in Section

1.6. 1.
As was discussed in a previous section, the main factor preventing more
widespread application of MMCs is the cost of production. The commercial use of
these materials would therefore be significantly advanced by the development of low
cost, near-net-shape casting processes which also provide a good surface finish on the
product, thereby minimising the need for further machining. The development of the
squeeze casting process (LMI aided by high pressure) has been directed at fulfilling
such aims. Aluminium alloys offer distinct advantages for casting processes, including
their relatively low melting temperatures, low weight, and the possibility of achieving
an excellent surface finish on the product. Attempts at establishing casting routes for
MMC fabrication have therefore generally been directed towards aluminium-based
matrices.
Squeeze casting LMI processes [43, 65, 84, 85,

86

] involve the infiltration of

a fibre preform with liquid metal by the use of hydraulic pressure. Pressures of up to
100 MPa are not uncommon for squeeze casting [84], whereas other liquid metal
infiltration routes generally use pressures of up to ~ 10 MPa. Squeeze casting may be
used either with wound continuous fibres such as alumina, or with particles and short
fibres compressed into some type of preform, as has been used for silicon carbide and
alumina particles [87] and for Saffil alumina fibre [65, 85,

86

].

The squeeze casting process is illustrated schematically in Figure 1.2. The die
cavity of the caster is pre-heated, commonly to ~ 300°C for aluminium-based alloys.
The fibre preform is preheated and placed in the die. Heating the preform has the
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effect of preventing solidification of tbe melt front on contact with the fibres and thus
allowing good infiltration to occur. The temperature of the die is crucial to the
process; if it is too high, long solidification times and increased fibre-matrix
interactions may occur.
When the preform is in position in the heated die, the liquid metal, which is at
100 - 150°C above its melting point, is released onto the preform from a chamber
above the die via a feeder tube. A hydraulic ram is then ’pushed' into the die cavity and
this forces the metal into the preform and around the fibres. At this point the high
pressure is achieved, usually 2 5 - 100 MPa, and the molten metal solidifies within the
die. The final microstructure of the composite will depend strongly upon local heat
flow during this stage [74, 85]. Finally after cooling the component is withdrawn from
the die.
The high pressures involved in the squeeze casting process ensure that
common casting problems, such as gas or shrinkage porosity, are minimised in the
product, although some fibre damage may result. In addition, contact between the
fibres and the liquid metal is improved, thereby enhancing wettability and producing
an improved fibre-matrix bond, a feature critical to the process of load transfer
between matrix and reinforcement [23, 62,

8 8

]. Although some degree of bonding at

the fibre-matrix interface is necessary, too much interaction (due for example to long
solidification times and excessively high temperatures) tends to be detrimental to the
composite properties, since loss of fibre strength and embrittlement of the interface
may result. The nature of the interface is discussed further in Section 1.6.1.
Le Petitcorps et al [71] have reviewed other factors related to possible damage effects
in squeeze cast composites.
The squeeze casting fabrication route is often considered to be one of the most
effective for metal-matrix composite components, particularly for aluminium-based
materials. Its main drawback is the limitation on the size of components, since the
fabrication of large castings requires considerably longer cooling times. As a
consequence few large scale squeeze casting facilities exist
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1.6

Properties of MMCs

1.6.1

The fibre - matrix interface

The quality of the interfacial bond between matrix and reinforcement has long
been regarded as crucial to the bulk mechanical behaviour of composite materials
[33, 89, 90]. The extent to which the potential of composites as high strength
materials may be realised depends upon whether the reinforcement is utilised
efficiently for bearing the applied load. In order to do this, each reinforcing
component must be capable of bearing some of the load, and consequently the matrix
constitutes the distributing medium for this purpose. Thus the efficiency of load
transfer between matrix and reinforcement lies in the quality of the interfacial bond
between the two components.
Although a strong bond between matrix and reinforcement is required to
promote load transfer across the interface, too strong a bond may not always be
desirable since it may hinder the extent of toughening mechanisms such as fibre
debonding and pull-out. Composites with weak interfaces tend to have relatively low
strength and stiffness but high fracture toughness; strong interfaces often lead to
greater strength and stiffness but poorer fracture resistance. The interface must
therefore be optimised for a particular system according to design requirements.
The role of the interface in composite materials has been discussed by many
authors [23, 89-93]. Amongst these, Riihle and Evans [91] have concentrated on
chemical and structural features of interfaces, while more recently Clyne and Watson
[90] have discussed the importance of exercising control over the interface region to
optimise composite performance.
Several common themes emerge from such studies, including the assertion that
the degree of fibre-matrix interaction is crucial to the mechanical properties of the
composite, and the fact that measurements of interfacial parameters such as bond
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strength, although complicated, are fundamental to the understanding of composite
characteristics. In a comprehensive treatment of the latter point, Drzal and Madhukar
[93] presented the results of a thorough mechanical testing program on a carbon fibreepoxy system, and correlated these results with observations on the modes of failure
operating for different degrees of fibre-matrix adhesion.
The nature of the interfacial bond between a metal matrix and the reinforcing
phase has been classified by several workers according to the extent of chemical
reaction between the constituents [23, 89]. The three categories into which interfaces
may be grouped are as follows.
(i)

Composites where matrix and fibres are mutually non-reactive and

insoluble, constituting only a mechanical bond produced by the differential contraction
of the matrix and fibre upon cooling from processing temperatures. Generally the
thermal expansion coefficients of MMC components are very dissimilar, for example,
that of aluminium is approximately 23 x 10' 6 °C_1, whereas most ceramic fibres have a
value of

8

x 10"6 °C" 1 or less. This thermal mismatch may cause strains of up to 1 %

on cooling [23]. It has been proposed [63] that the "perfect interface" would fall into
this category: the components are compatible and the bond is sufficient to allow stress
transfer, but no detrimental chemical interaction occurs.
(ii)

Composites in which the components are non-reactive but soluble,

constituting a chemical diffusion bond. Provided that no defects such as voids are
present, the bond formed in such composites may be good.
(iii)

Composites in which the matrix and fibres react to form new

compounds and a chemical reaction bond. The principles underlying growth of such
interfacial reaction products are presented in a study by Bhagat [94]. This is the
largest category, and there are numerous examples of interfaces which may be
described in this way.
One example of category (iii) is the formation of aluminium carbide in carbon
fibre-reinforced aluminium alloys. Yang and Scott [25] studied a composite consisting
of 0.48 Vf unidirectional carbon fibres in an A1 -7 wt % Si - 0.4 wt % Mg alloy,
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produced by liquid metal infiltration.* They found that the matrix and fibres reacted
during solidification and that the reaction product, aluminium carbide (AI4 C 3 ), was
formed by the dissociation of carbon atoms from the fibre and their passage into the
matrix. The same authors also investigated an A1 - 7 wt % Si alloy reinforced with
carbon fibres [24], and again found that AI4 C 3 was formed during solidification,
leading to a strong fibre-matrix bond, a reduction in fibre strength and embrittlement
of the matrix.
Problems of interfacial reaction have also been found in aluminium alloys
reinforced with Nicalon fibres. As was discussed in an earlier section, Nicalon fibre
consists mainly of microcrystalline silicon carbide, with excess carbon and some
possible oxycarbide. Trumper and Scott [33] found that the phase formed at the fibrematrix interface was FeAlg, the iron impurity having been introduced during the LMI
process. Chapman et al [34], however, found that a reaction product of AI4 C3 was
produced during liquid metal infiltration of a similar system.
In contrast, Lee and Kim [95] studied two matrices, pure aluminium and an
Al-13 % Si alloy, both reinforced with Nicalon fibres, and found that the interfaces of
both composites showed no chemically-reacted layer. They explained this by pointing
out that the liquid metal and the fibres were in contact for only a "very short time"
during fabrication.
Another common interfacial reaction product is Mg2 Si. Saggese et al [32]
examined the microstructure of a composite consisting of an Al-Zn-Mg alloy
reinforced with SiC-coated boron fibres (Sicabo), prepared by a LMI process.
Considerable amounts of Mg2 Si were found to be segregated at the fibre-matrix
interface. The phase was brittle, and its abundance in the composite was thought
likely to reduce the strength of the composite. The Mg2 Si phase was also detected in
aluminium alloys reinforced with Saffil alumina fibres, studied by Trumper and
Scott [33]. Here the silicate binders used to facilitate fibre preform handling
constituted the source of the interfacial reaction. Binders are often employed in the
LMI process and may cause unforeseen reactions. Similarly, copious amounts of
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Mg2 Si were produced from a reaction between a molten magnesium matrix and the
silicate glass weft used in a Nicalon fibre cloth [32]. This phase was shown to be
brittle and very damaging to the properties of the composite due to crack initiation.
In contrast, Yang and Scott [14] studied an Al - 7 wt % Si alloy reinforced
with 0.40 Vf continuous alumina fibres (Safimax), and a small amount (~ 0.2 wt %)
of magnesium was added. No evidence of the Mg2 Si phase was found, but some
magnesium from the alloy was found to segregate at the fibre-matrix interface. This
segregation was considered to result in improved wettability of the alumina fibres by
the alloy, which encouraged the formation of a reasonably strong fibre-matrix bond.
Several other studies have reported the segregation of alloy elements towards
reinforcement in metal-matrix composites, and magnesium segregation is particularly
widespread [27, 43, 56, 96, 97]. It is evident from the literature on the subject that
Saffil fibre-reinforced composites are especially prone to magnesium segregation and
the

possible

formation

of

a

spinel

phase

with

the

formula

MgA^O,*.

Le Petitcorps et al [58] studied two Al - 7 wt % Si matrix systems, one containing
0.3 wt % Mg and the other 2.2 wt % Mg, both reinforced with Saffil preforms. The
squeeze-cast composites showed a progressive reduction in matrix magnesium from
the top to the bottom of the infiltrated preforms, most notably in the composite
containing the higher magnesium content. This was attributed to a reaction between
the matrix and the silica preform binder. In addition the magnesium content varied
from fibre to matrix, from

6

wt % to

1

wt % for the higher magnesium alloy and from

0.5 wt % to nearly zero for the lower magnesium alloy, indicating magnesium
enrichment at the fibres.
Studies by Levi et al [63] indicated that a common feature in various
Al-Cu-Mg alloys reinforced with alumina fibres was the existence of a magnesiumenriched zone around the fibres. X-ray analysis across the interface region showed a
distinctive magnesium peak at the fibre boundary, which was identified with the
formation of MgAl2 C>4 spinel. The authors observed a large thermodynamic driving
force for the formation of this interfacial phase which increased at higher magnesium
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contents. Indeed, Ray [43] has indicated that even 0.03 wt % magnesium in the matrix
alloy will result in the formation of the spinel phase during processing.
Segregation was also reported by Fishkis [59] in studies of a Saffil fibre
preform infiltrated by Al - 4.5 wt % Cu - 3 wt % Mg alloy via LMI. Magnesium and
copper enrichment in the vicinity of fibres was found, the main phases being
MgA^C^, Al2CuMg and CuAl2. Some phases in the matrix contained silicon,
indicating that diffusion of silicon from fibres to matrix took place during infiltration.
The last matrix regions to solidify were those near the fibres, thus giving the higher
concentrations of solute elements in these areas. Analysis of fracture surfaces showed
that failure was initiated within magnesium-rich phases near fibres, most likely within
the MgAl2 0

4

spinel. Formation of the phase was thus concluded to be detrimental to

the composite's performance.
In a study of an aluminium-silicon-magnesium alloy reinforced with alumina
particles, Lee et al [51] found that a distinctive reaction layer, approximately 1 pm
thick, formed at the particle-matrix interface after ageing. The reaction product was
found to consist of single crystals of MgAl2 C>4 , formed as a result of prolonged
contact between the alumina particles and the molten alloy during composite
fabrication. Analysis of fracture surfaces after tensile testing showed that interfacial
debonding had occurred along the spinel-matrix interface.
Studies carried out by Suganuma et al [56] on an Al - Si - Mg alloy reinforced
with Saffil fibres showed that a reaction product formed at the fibre surface as a layer
consisting of fine, angular precipitates about 100 nm in size. These precipitates were
found to be MgAl2 0

4

spinel. The presence of the spinel phase at the fibre interface

caused the strength of the composite to be decreased, since the precipitate acted as a
stress concentrator.
In a study by Cappleman et al [98], it was proposed that entry of magnesium
into the surface layers of Saffil fibres was dependent on the presence of silica in these
layers. This silica could originate from the small amount added to the alumina to
stabilise the

8

structure, or it could come from the silicate binder used to facilitate
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handling. The authors concluded that any reaction product formed was limited in
extent to a few atomic layers at the interface. In another study by Clyne and co
workers [27] on similar systems magnesium was observed, probably in MgA^C^
spinel, in appreciable amounts throughout the surface layers of the fibres.
Further studies on the reaction between alumina reinforcement and magnesium
have been performed by McLeod and Gabryel [99] and Munitz et al [100]. In the
former study the authors studied the kinetics of formation of the spinel phase in an
aluminium alloy containing

1

wt % magnesium and 15 vol % alumina particle

reinforcement. The spinel was found to occur as discrete crystals via the diffusion of
oxygen atoms, and spinel growth was slowed when the crystals started to overlap. In
the work reported by Munitz and co-authors [100], DuPont FP a-alumina fibres were
incorporated into an aluminium alloy containing 4 wt % magnesium, and the spinel
phase again formed as discrete crystals on the surface of the fibres.
The problems associated with the presence of magnesium in composites are
also reported in work by Henriksen [97]. Here the base matrix was an Al - 4 % Cu
alloy to which 2.5 % magnesium was added. The matrix was reinforced with silicon
carbide whiskers and fabricated by a squeeze casting process. A gradual depletion in
magnesium was found from the top to the bottom of the cast composite, in
accordance with interfacial reactions occurring as the melt infiltrated the
reinforcement. MgAl2 C>4 was detected at whisker-matrix interfaces, and extensive
formation of MgO was also found. Tensile tests of the composite and the
corresponding unreinforced alloy indicated a decrease in strength and ductility for the
composite.
In summary, interfacial phenomena such as the segregation of magnesium are
commonly found in metal-matrix composites. In composites containing magnesium
and Saffil alumina fibres, the formation of the MgAl2 C>4 spinel phase at the fibre
surface can cause a reduction in mechanical properties such as tensile strength, and
failure is often seen to occur in these interfacial regions. The significance of the
fibre-matrix interface has thus been illustrated. Since the physical and chemical effects
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at the fibre-matrix interface are often influenced by the processing route, a systems
approach is necessary when referring to a metal-matrix composite, in which the
reinforcement, the matrix and the fabrication method are all specified.

1.6.2

Mechanical property criteria

The elastic modulus of continuous fibre composites may be analysed by a
simple Rule of Mixtures (ROM) approach [3, 101] which states that, above a critical
volume fraction of fibres, the modulus of a unidirectional composite in the direction of
the fibres is given by:
Ec = Ef Vf + Em (l-V f),

(eq. 1)

where Ec is the composite modulus, Ef is the modulus of the reinforcing fibres, Vf is
the volume fraction of fibres and Em is the matrix modulus. A similar expression may
be derived for composite strength. The ROM approach for the prediction of modulus
and strength must, however, be modified in the case of composites containing
discontinuous reinforcement [3,101-104] and randomly-oriented reinforcement
[3,102].
The main modification required for discontinuous reinforcement such as short
fibres involves a term which recognises that not all of the length of an embedded short
fibre is able to support a tensile load [101]. When a composite containing short fibres
is subjected to an external tensile load, stresses are transferred from matrix to fibres
by shear at the fibre-matrix interface. The shear stress is maximum at the fibre ends,
while tensile stress in the fibre increases from zero at the fibre ends, as illustrated in
Figure 1.3. Consequently the end regions of the fibre are not fully able to support the
tensile load and constitute a notional ineffective length. Thus the full reinforcing
potential of a short fibre may only be realised if its length, 1 , is greater than a critical
length, lc, such that the fibre breaks at the maximum tensile stress. In this case the
composite strength may be described by:
Oc = Of Vf (1 - lc / 21) + Gm (1-Vf),
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(eq. 2)

where

Gc

is the composite strength, Gf is the fibre strength, Vf is the fibre volume

fraction and

Gm

is the matrix strength at the fibre failure strain. This formula has been

used for the analysis of short-fibre composites [ 1 0 1 ,

102

] and indicates that, if the

fibre is approximately ten times its critical length, some 95 % of the strength
obtainable in a continuous fibre composite may be achieved with short fibres. This
analysis assumes that all the fibres fracture together when the fibre strength

Gf

is

reached. In practice, however, the fibres have a distribution of strengths and so the
theory is an over-simplification.
An alternative approach to assessing the strength of discontinuous fibrereinforced composites is proposed by Termonia [103]. The author uses an activation
rate theory as the basis of the model: as a composite is strained, bonds within both the
fibres and the matrix are broken at a rate determined by activation energy and
temperature. The model takes a microscopic approach to failure, and thus takes into
account the importance of stress concentration near fibre ends and the redistribution
of stress after local failure of either matrix or fibre. Although Termonia's model
assumes composite deformation along the tensile axis only, and therefore
oversimplifies the fracture process, it highlights the effects of fibre volume fraction,
aspect ratio and fibre-matrix adhesion on composite strength.
The presence of randomly-oriented fibres adds further complexity to the
treatment of composite strength. When the fibres lie at an angle to the stress axis, the
overall composite strength is less than that for a unidirectional composite. Many
theories dealing with randomly-reinforced composites adopt the Tsai-Hill criterion
[3], which predicts the dependence of the composite strength upon the angle of
orientation of the fibres, 0. Alternatively the method of Krenchel may be employed
[3], which uses the concept of an orientation efficiency factor, T]0, given by
T]0 = Xan cos4 0n/
where

(eq. 3)

is the fraction of fibres oriented at an angle 0n. The strength contribution

from the fibres is then multiplied by T| 0 to account for fibre orientation. The value of
T| 0

may vary between 0.2 and 1 depending upon the degree of orientation of the
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reinforcement, such that T| 0 = 1 for completely aligned fibres, T| 0 = 0.375 for planar
random fibres, and T| 0 = 0.2 for completely randomly-oriented fibres. A similar
postulation by Friend [101] was to modify the Rule of Mixtures equation by dividing
the strength contribution from the fibres, Gf, by a constant to account for the lack of
fibre alignment A value of five for this constant was suggested for a completely
random fibre array, while for planar random reinforcement a value of 8/3 was used.
Several authors have proposed models to calculate the theoretical strengths of
randomly-reinforced composites [38, 102]. Baxter [102] described a method that
combined three important factors affecting composite strength: the effect of fibre
orientation, incorporated by adopting the Tsai-Hill failure criterion; the effect of fibre
length, accounted for by the shear lag model of Kelly and Tyson; and the average
isotropic strength of such fibres, calculated by integration. Baxter assumed that the
weakest link in a composite with randomly-oriented fibres is the debonding of fibres
lying perpendicular to the applied stress, that is where the interfacial bond strength is
less than the matrix strength. Interfacial shear failure at fibres inclined at an angle to
the applied load was not considered. Baxter then proposed the concepts of upper and
lower bounds for the composite strength, defined by the interfacial bond strength. He
postulated that if the bond is stronger than the matrix then composite strength
increases with Vf. If, however, the bond strength is less than that of the matrix (such
that debonding occurs in fibres oriented perpendicular to the applied stress),
composite strength has a minimum value which is only weakly dependent on Vf.
Values calculated using Baxter's method agreed well with those found in the
literature for systems such as an aluminium matrix with AI2 O3 , graphite or SiC
reinforcement. SiC was found to provide the largest increase in strength, and its
inclusion was beneficial even when the bond strength was less than that of the matrix.
However, Saffil alumina fibres were found to require a high bond strength with the
matrix to guarantee an increase in strength of the composite over the matrix. At
elevated temperatures the calculated values did not agree with those found by
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experiment due to other effects between fibre and matrix which were not considered
in Baxter's model, such as reaction and segregation of matrix constituents.
The specification of a value for the elastic modulus of random fibre-reinforced
MMCs is complicated by the fact that deviations from linear stress-strain behaviour
often occur at low values of strain. This may arise as a result of the matrix yielding at
lower strains than those expected for an unreinforced alloy, due to the presence of
residual stresses encountered during cooling from processing temperatures, or it may
be a result of the short fibres reaching their maximum load-bearing capability at low
strains and thereafter supporting no further load. Consequently the elastic modulus
may be measured either by low amplitude fatigue testing, as performed by Downes,
Prangnell and King [105], or by quoting the secant modulus at a given strain level.
The failure mode operating in any one system will depend upon a number of
features including the matrix, the length and orientation of fibres, the fabrication
route, and the bond strength between fibres and matrix. Lilholt [106] has recently
reviewed some of the aspects of deformation and failure of MMCs. The fracture
behaviour of MMCs is complex, but it is often thought that brittle fracture of the
reinforcement at relatively low strain precedes ductile failure of the matrix.
Theoretical studies of discontinuously-reinforced composites performed by
Termonia [103] found that stress-strain curves and modes of failure were strongly
dependent on fibre volume fraction and the aspect ratio of fibres. For fibres with a
small aspect ratio, that is 1/d = ~

1

(where 1 is the fibre length and d its diameter), the

mode of failure was similar to that for good fibre-matrix bonding: cracks formed in
the matrix near fibre ends and propagated transversely causing catastrophic failure.
For fibres with a large aspect ratio (1/d = ~ 20), the mode of failure was found to
depend strongly upon the bond strength at the fibre-matrix interface and, for a given
fibre volume fraction, strength was seen to increase with interfacial bonding up to a
limiting value.
Regarding the materials used in the present research, data are available
showing that Saffil fibre-reinforced metals containing some magnesium in the matrix
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may fail prematurely in interfacial regions due to a reaction between magnesium and
the fibres during fabrication. Indeed this has been the case in several studies where the
formation of the spinel phase MgA^C^ has caused premature brittle fracture
[51,56,59,97]. The theoretical strength of fibre-reinforced composites containing
britde interfacial reaction products has been described by Ochiai and Murakami [107].
The authors point out that such brittle phases may fracture at small strains, resulting in
a ’notched’ interfacial region which hastens fracture of the fibres.
On the contrary, Saffil fibre-reinforced systems containing no matrix
magnesium may not undergo the problem of brittle interfacial reaction. In a study of
a n A l - 9 % S i - 3 % C u alloy reinforced with Saffil fibres [108], the authors found no
evidence of interfacial reaction although little fibre pull-out occurred on testing,
indicating that the interfacial bond was good.
The concept of toughness in MMCs should now be addressed. As was
discussed in the previous section, the strength of the interfacial bond must be
optimised to allow stress transfer from matrix to fibres whilst still permitting
toughening mechanisms such as fibre pull-out to occur. Important properties which
affect composite toughness include the type, volume fraction, distribution and
orientation of reinforcement, and the matrix toughness.
A review of the toughness properties of MMCs has been presented in a recent
paper by Friend [109]. As the author points out, it is necessary to recognise the
importance of two complementary techniques for measuring toughness, that is by
measurement of fracture toughness or of fracture energy. The fracture toughness
method adopts the criterion of the critical stress intensity required to initiate fracture
in a composite. The fracture energy method, however, uses the concept of the actual
energy required for fracture. Friend explains that it is wise to use both methods
simultaneously to appreciate fully the factors involved in composite toughness, for
example propagation and initiation.
The generally poor toughness of MMCs is due firstly to a low initiation energy
for fracture as a result of the low failure strain, and secondly to a low propagation
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energy due to the presence of reinforcement: fibres (particularly long ones) provide
easy crack paths and sites of stress concentration. Composite toughness may therefore
be improved by using reinforcements with a high failure strain, such as metallic fibres,
and/or by maximising the extent of energy-absorbing mechanisms such as fibre
debonding and pull-out

1.6.3

Optimisation of the matrix microstructure

Despite the significant improvements in specific strength and specific stiffness
which MMCs offer, they frequently suffer from low strain to failure (typically less
than 5 % [42]) and low values of fracture toughness. Moreover, whilst metals
reinforced with unidirectional fibres have high stiffness and strength in the fibre
direction, the properties of the composite in other directions are similar to (or even
worse than) those of the unreinforced metal. For example, Yang and Scott [24]
reported the results of four-point bend tests on an Al - 7 wt % Si alloy (tensile
modulus 64 GPa) reinforced with 0.48 Vf unidirectional carbon fibres (tensile
modulus 230 GPa). The resulting tensile modulus of the composite was 160 GPa in
the longitudinal direction, whilst a value of just 40 GPa was obtained in the transverse
direction. This illustrates that the matrix dominates transverse behaviour.
In order to obtain the best balance of mechanical properties in the composite it
is necessary to optimise the microstructure of the matrix, and thereby both
longitudinal and transverse properties may be enhanced simultaneously. The matrix,
being the ductile component of the system, strongly influences both the yield stress
and the toughness of the composite, in addition to transferring load to the fibres.
Hence in optimising the matrix microstructure, the isotropy of the properties of the
composite may be improved.
It is well known that alloying and cold working of metals can produce an
increased yield stress [1]. However, in certain alloy systems a further increase in
properties such as yield stress and hardness is possible simply by controlled heat

treatment. Clearly such a technique has many advantages, since the required strength
may be achieved at almost any stage of the fabrication route. In addition the need for
cold working is avoided, so the component does not begin its service life in a
plastically-deformed, highly-stressed state.
In order for an alloy to be amenable to such heat treatment processes, it must
undergo a phase transformation in the solid state. The two main forms of hardening
based upon this phenomenon are precipitation from supersaturated solid solution
(precipitation or age hardening), and eutectoid decomposition. This project is
concerned with the former of these transformations; the latter is described elsewhere

[1, 110].

1.7

Precipitation hardening

The principle of precipitation hardening lies in the interaction of dislocations
and precipitates [1]. Dislocation motion may be hindered either by strains around
precipitates, by the precipitates themselves, or both. If the precipitates themselves
constitute the main obstacle to dislocation motion, it will be necessary for the
dislocation to either cut through or by-pass the precipitates. Consequently there are
three main hardening mechanisms: chemical hardening (the dislocation cuts through
the precipitate), dispersion hardening (the dislocation by-passes the precipitate), and
coherency strain hardening (distortion of the lattice by coherent precipitates). The
hardening mechanism operating in any system depends upon factors such as the heat
treatment temperature and the size and nature of the precipitate. In the peak-aged
condition precipitates are sufficiently small and finely distributed that dislocations
must cut through them in order to move through the lattice (chemical hardening). The
precipitate associated with peak hardness is coherent with the lattice, so large
coherency strains also impede dislocations.
The basic requirement for an alloy to be susceptible to precipitation hardening
is a decrease in the solid solubility of one or more of the alloying elements with
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decreasing temperature. The heat treatment schedule normally consists of the
following steps.
(i)

Solution treatment at a high temperature, to obtain a solid solution of

all the dissolved elements.
(ii)

Rapid cooling (quenching) from the solution-treatment temperature

into water or some other cooling medium, to obtain a supersaturated solid solution of
these elements.
(iii)

Controlled decomposition of the supersaturated solid solution to form

a finely-dispersed precipitate, usually by ageing at an intermediate temperature for
appropriate times.
This technique may be illustrated by reference to precipitation-hardening
aluminium-copper alloys.

1.7.1

The Al-Cu system

The aluminium-rich part of the phase diagram for Al-Cu alloys is shown in
Figure 1.4. In this system, Al - 4 wt % Cu alloy exists at high temperatures as a
homogeneous solid solution (commonly designated a). The solution-treatment stage
of the precipitation-hardening heat treatment must be sufficiendy high to produce this
a solid solution {e.g. ~ 530°C for Al - 4 wt % Cu). On quenching from the solutiontreatment temperature the alloy becomes supersaturated with respect to copper so
that it exists in a metastable supersaturated state. If the alloy is then allowed to age for
a sufficient length of time, either at room temperature ('natural' ageing) or at an
elevated temperature ('artificial' ageing), a second phase, G 1AI2 (designated
precipitate out in various stages [ 1 ,

110

0

) will

].

Precipitation occurs via nucleation and growth: local variations in the
concentration of copper in the aluminium alloy provide small clusters of copper atoms
which act as nucleation sites for the precipitate. In addition to this homogeneous
nucleation, precipitates may also nucleate on, for example, dislocations and grain
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boundaries, and hence this is known as heterogeneous nucleation. In order for a
particle to nucleate it must reach a radius greater than a critical radius, r0, which
decreases as the temperature is lowered. The concept of this critical radius and its
variation with temperature is illustrated in Figure 1.5. Once a precipitate has
nucleated, the rate at which it grows is controlled by the rate of atomic diffusion, such
that solute (copper) diffuses from the surrounding areas towards the precipitate.
Hence the extent of precipitation is increased at higher ageing temperatures.
Conversely, precipitates become finer as the ageing temperature is lowered. The
fundamental principles underlying atomic diffusion, nucleation and growth are
reviewed extensively in a paper by Aaronson [111].
Hardening of the alloy is associated with attaining a critical dispersion of the
precipitate in the alloy, whereby precipitates are so numerous and distributed so finely
that dislocations must cut them in order to move through the lattice. The temperature
and duration of the ageing process must be monitored to obtain this critical condition.
The change in properties associated with ageing is often very marked. For example,
Smallman [1] reports that the tensile strength of Duralumin (an Al - 4 % Cu alloy
containing relatively small amounts of magnesium, silicon and manganese) may be
almost doubled as a result of precipitation hardening. The elastic (Young's) modulus
is, however, not changed after ageing because it depends upon the atomic bonding
within the solvent lattice and hence the extent to which atoms may move about their
equilibrium positions, and not upon changes induced by heat treatment
Properties such as hardness and yield stress are highly dependent on the
structural distribution of the phases. If ageing is allowed to proceed too far at any
temperature, coarsening of the precipitates occurs and the numerous finely-dispersed/
small particles become replaced gradually by a smaller number of coarser particles.
These precipitates are generally large enough for dislocation segments to bow around
them, and this is known as the Orowan mechanism (Figure 1.6). In this state the alloy
becomes softer and is said to be in the over-aged condition. For hardening to be
achieved, the precipitates must be coherent with the lattice to encourage the
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formation of coherency strains which distort the lattice and thereby impede the
movement of dislocations through it. The concept of hardening via coherency strains
is illustrated in Figure 1.7. Over-ageing is associated with the disappearance of
coherency strains and hence softening of the alloy.
The rate of ageing in precipitation-hardenable systems increases markedly with
increasing temperature, while the peak hardness obtained decreases (see Figure 1.8).
For the Al-Cu system, two-stage hardening takes place at low ageing temperatures
and is associated with high peak hardness, while single-stage hardening occurs at
higher ageing temperatures (or at lower temperatures for lower solute contents) and
results in a lower peak hardness.
Hypotheses concerning the precipitation sequence in the Al-Cu system were
first investigated by x-ray diffraction techniques. Subsequently, electron microscopy
has established that the first stage of precipitation involves clustering of solute atoms
on {100} planes of the solvent lattice to form copper-rich regions, known as GuinierPreston (G.P.) zones. These plate-like clusters are only a few atomic planes thick but
may be up to ~

10

nm in length, and the zones are coherent with the aluminium

lattice. The second stage involves the formation of an intermediate precipitate, given
the symbol 0", which has an overall composition of G 1AI2 . These precipitates have a
tetragonal structure, with a maximum thickness of

10

nm and up to 150 nm in

diameter. The 0" precipitates are coherent with the aluminium lattice planes and thus
give rise to coherency strains and hardening. At higher ageing temperatures {i.e.
~ 190°C and above) one or more of the first two stages (G.P. zones or 0") may be
omitted, causing corresponding differences in the ageing curve [ 1 ].
The next stage in the ageing of Al-Cu alloys is the formation of the transition
phase

0

' on { 1 0 0 } planes, which also has a tetragonal structure with unit cell

dimensions a = 0.404 nm and c = 0.580 nm. This precipitate is partially coherent with
the parent aluminium lattice and its formation leads to gradual softening of the alloy,
since coherency strains become diminished. Finally the equilibrium 0 precipitate is
formed, a tetragonal structure with a = 0.606 nm and c = 0.487 nm. This phase is
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incoherent with the aluminium lattice and its formation is associated with over-ageing
and softening of the alloy. The different stages in the ageing sequence of an alloy
often overlap, so that the structure at any time is often a mixture of two or more
precipitates [ 1 ].
There are many other alloys based on the Al-Cu system which show the same
basic principles of precipitation hardening, and the complexity of the process increases
with the number of constituent elements in the alloy. Two such systems are discussed
below.

1.7.2

The Al-Cu-Mg system

The Al-Cu-Mg system has received much attention [112, 113]. The ternary
phase diagram for the system after ageing at 190°C is shown in Figure 1.9. For a wide
range of ternary Al-Cu-Mg alloys, peak hardening is associated with the presence of
an orthorhombic phase designated S'. This intermediate phase is a slightly distorted
form of the equilibrium S phase which has the composition A^CuMg and forms as
lath-like precipitates on {0 2 1 } planes of the aluminium lattice [ 1 ].
For copper-rich alloys within the (a + 0) region of the phase diagram, the
nature of the equilibrium precipitate formed depends upon the relative proportions of
copper and magnesium. For example, with 4 wt % Cu and 0.1 wt % Mg, the
equilibrium precipitate formed is 0 , composition CuAl2 (as was described earlier for
Al-Cu alloys), on {100} planes of the aluminium lattice. With the same copper
content but with 0.3 wt % Mg, some 0 precipitate remains but the predominant
equilibrium precipitate is S. At higher magnesium contents up to ~ 3 wt % (for the
same copper content), only the lath-like precipitates of S are formed at equilibrium
[112]. For some alloys containing > 3 wt % Mg and aged in the range 110-190°C, the
equilibrium T phase (Al^CuMg^ has also been found to occur, as discussed by
Polmear [113].
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Alloys lying within the ( a + S) region of the ternary phase diagram usually
undergo a two-stage hardening process. The first of these stages is associated with the
formation of clusters of copper and magnesium atoms, which are coherent with the
aluminium matrix and designated G.P.B. zones. These zones persist during the second
stage of hardening, when S' precipitates on {021} planes of the aluminium lattice.
After prolonged ageing of these alloys softening occurs and is associated with the
disappearance of G.P.B. zones, the growth of S' and its transformation to the
equilibrium S phase.

1.7.3

The Al-Cu-Mg-Ag system

Considerable interest has been shown in the quaternary Al-Cu-Mg-Ag system,
and it is this system which forms the basis of the work undertaken in this project. It is
necessary to study the nature of the age-hardening sequence adopted by this alloy
before considering its use as a matrix for a composite.
Minor or trace element additions may exert a surprisingly large influence on
the structure and properties of heat-treatable alloys. One example is the variety of
effects which small amounts (<

1 .0

wt %) of silver can induce on precipitation

processes in several age-hardenable alloys. The silver addition may stimulate an
existing precipitation process, as in Al-Zn-Mg alloys [113, 114], or it may change the
actual mechanism of precipitation, as is the case with the Al-Cu-Mg-Ag system.
Silver has no effect in binary Al-Cu alloys aged at elevated temperatures
[115], but a marked increase in the ageing response is observed if a small
concentration (< 1.0 wt %) of magnesium is also present in the alloy. This increase in
hardening has been shown to be associated with the formation of a precipitate,
designated £2 [116,117], which appears as thin hexagonal plates on {111} planes of
the aluminium lattice [35, 112, 113]. The Cl phase is coherent with the aluminium
lattice and thereby confers hardening on the alloy. Precipitation of the 0' phase on
{100} planes may also occur at peak hardness, and the relative proportions of Cl and
37

0' precipitates depend on the levels of magnesium and silver in the alloy. For example,
~ 0.7 wt % of each of these elements almost entirely suppresses 0' formation [118].
The Mg:Ag ratio is thus critical to the precipitation process. Indeed, work by
Taylor et al [35] indicated that a Mg:Ag ratio of ~ 3 (at %) was required for optimum
properties in such an alloy. Furthermore, the £2 phase generally forms at the expense
of the S' phase found in ternary Al-Cu-Mg alloys.
It is agreed widely that both magnesium and silver must be added to
aluminium-copper alloys to allow the precipitation of £2 , and that other precipitates
form if either magnesium or silver is absent. On the contrary, work by Garg et al
[119, 120] suggests that £2 is not confined to the quaternary alloy. The authors report
clear evidence that the Cl phase can form in the ternary Al-Cu-Mg system, and that
the presence of silver is therefore not essential for £2 precipitation. They do, however,
state that silver greatly enhances precipitation of the Cl phase in the quaternary system
at the expense of 0 '.
More recent work by Fonda et al [121] supports the theory that £2 may form
in the absence of silver. Two Al-Cu-Mg alloys, one of which contained an addition of
0.5 % silver, were analysed by transmission electron microscopy. The ternary alloy
showed a high concentration of both Cl and 0' after ageing, while the quaternary alloy
showed even higher concentrations of both phases. As ageing progressed the 0' phase
was suppressed in favour of the coarsening of £2 in both alloys. The structure of the Cl
phase was identical in the two alloys and electron diffraction data were consistent
with those of Garg and Howe [120].
An alloy based on this Al-Cu-Mg-Ag system, developed in the mid-1960s and
later designated A201, gave tensile strengths in excess of 400 MPa [118]. Alloys
containing the

£2

phase also show particularly high resistance to particle coarsening

(and thus softening) at temperatures between 100 and 200°C [121]. As a result there
has been considerable commercial interest in determining the structure and
composition of the new phase and the conditions which favour its presence.
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Furthermore it would seem reasonable to predict that an A201-type alloy would offer
considerable potential as a matrix for a composite.
The structure of the Q phase has proved to be controversial. In several studies
spanning two decades, Auld [122, 123] used electron diffraction techniques to ascribe
a monoclinic structure to the Q precipitates, with lattice parameters a = b = 0.496 nm
and c = 0.848 nm (c/a= 1.710). In contrast, Scott et al [117, 124] presented the
results of comprehensive electron diffraction experiments to show that the

{111

}-type

of precipitate had a hexagonal crystal structure, with a = 0.496 nm and c/a = 1.414.
More recently, Knowles and Stobbs [125] have performed a detailed re-analysis of
electron diffraction patterns from the alloy using high-resolution transmission electron
microscopy (HREM). Their results support the structure proposed by Auld, although
they point out that the Q structure is more correctly described as orthorhombic, with
lattice parameters a = 0.496 nm, b = 0.859 nm and c = 0.848 nm, and best regarded as
a slightly distorted form of the 0 phase (C uA y found in over-aged binary Al-Cu
alloys. They also show, by re-interpretation of electron diffraction pattern data, that
the conclusions of Scott et al are indeed consistent with Auld's proposed structure.
Muddle and Polmear [126] have shown their results of electron diffraction pattern
analysis from individual precipitates to be consistent with the findings of Knowles and
Stobbs.
Most recently, Garg and Howe [120] have postulated another interpretation
for the structure of £2. Using convergent beam electron diffraction to compare the
lattice parameters of the

£2

and 0 ' phases, the authors ascribed a tetragonal structure

to the £2 phase. They confirmed this by pointing out that electron diffraction patterns
of the

£2

phase may be indexed consistently on the basis of a tetragonal unit cell with

parameters a = b = 0.6066 nm and c = 0.496 nm, in contrast to the 0' phase (also
tetragonal) which has cell parameters of a = b = 0.6066 nm and c = 0.4874 nm.
In an attempt to assess the composition of the Q phase, Muddle and Polmear
performed energy-dispersive x-ray microanalysis in the electron microscope on
precipitates oriented parallel to the electron beam and on adjacent matrix areas [126].
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The study revealed an increase in copper concentration associated with the £2 phase
and a small but significant concentration of silver, which was not detected in the
adjacent matrix areas. However, the magnesium concentration was found to be below
the limits of detectability for both the precipitates and the matrix. Thus evidence for
the location of magnesium in the

£2

phase of these quaternary alloys was concluded to

be less certain than that for silver.
More recently Shollock ef al [127] have investigated the compositions of £2
and 0 1 precipitates using atom probe microscopy. The precipitates were formed in an
aged quaternary alloy of composition Al - 4 % Cu - 0.3 % Mg - 0.4 % Ag (by
weight). The authors reported that the average composition of £2 precipitates was
approximately 12.5 at % copper, 1.5 at % magnesium and 1.0 at % silver, with
aluminium comprising the other ~ 85 at %. This indicated that £2 precipitates were
richer in both magnesium and silver but that they contained less copper than the

0

'

phase, the latter of which was found to have a composition closer to G 1AI3 than
Q 1AI2 . Despite the low concentrations of magnesium and silver associated with the £2
phase, the authors confirmed their finding that both of these elements were indeed
present in

£2

and not in 0 '.

Most recently the composition of the £2 phase has been investigated by
Hono et al using atom probe field ion microscopy [128]. Two quatemaiy alloys with
different Mg:Ag ratios and relatively high Mg:Cu ratios were studied and, after
ageing, both £2 and 0' precipitates were observed. The interface between the
aluminium matrix and the

£2

phase was clearly identified, and it was found that both

silver and magnesium atoms were present only at the interface region. The
approximate composition of the £2 precipitate was determined to be 34 at % copper,
between 1 at % and

6

at % magnesium and between 1 at % and 5 at % silver, with the

rest aluminium. The composition of the 0' phase meanwhile was found to be
approximately 33 at % copper and the balance aluminium, in accordance with the
accepted formula of Q 1AI2 . In addition, no evidence of any £2 precursor phase was
found (for example, Mg3 Ag as earlier proposed by Taylor et al [35]).
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In summary, therefore, the composition of the Q phase is currently thought to
be close to that of Q 1AI2 but with an additional ~

1

at % magnesium and ~

1

at %

silver. The role of silver in enhancing the precipitation of Q is as yet unclear.

1.8

Effects of reinforcement on the ageing process

The precipitation sequences for alloys are generally well known, as has been
illustrated in the previous section. However it is widely acknowledged that the
introduction of reinforcement into any precipitation-hardenable alloy may alter the
rate and/or nature of the precipitation process. A review of the literature on various
systems shows that the precipitates and structures which characterise an unreinforced
alloy may be changed markedly by the presence of reinforcing particles or fibres
[14, 26,40, 42, 45, 129, 130]. Moreover, interfacial phenomena such as depletion of
magnesium in the matrix may not only cause segregation of brittle reaction products
at the interface, as discussed in Section 1.6.1, but may also consume some of the
alloying element required for matrix ageing.
Towle and Friend [49] studied a 6061 alloy (1 % Mg and 0.6 % Si) and a
2014 alloy (4.5 % Cu and 0.5 % Mg), reinforced with either Saffil alumina fibres or
SiC particles. After heat treatment the composites showed depletion of magnesium in
the metal matrix due to chemical reaction with the Saffil and SiC reinforcements. This
reaction was found to be more severe with Saffil reinforcement due to the presence of
the silica binder. As a result of this magnesium depletion, age-hardening precipitates
were less able to form and the hardening response of the composites was reduced. In
another study of alumina fibre-reinforced aluminium-based MMCs [131], the same
authors again observed that the matrix magnesium content was altered by the
presence of the fibres, resulting in a reduction in the peak hardness produced on
ageing the composite. However, the reinforced material still reached peak hardness
more rapidly than unreinforced alloy, due to the nucleation of age-hardening
precipitates on the greater number of dislocations in the composite.
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To illustrate the effects of reinforcement on matrix properties, Christman and
Suresh [42] studied a 2124 aluminium alloy - SiC whisker composite and the
unreinforced matrix material, and found that the times required to achieve peak
hardness in the matrix were reduced significantly by the presence of the SiC
reinforcement. In another study, Cottu et al [132] studied an Al-Si-Mg alloy
reinforced with chopped SiC fibres. In the unreinforced alloy the usual precipitated
phase, Mg2 Si, was found in the form of rods or needles. In the composite, however,
x-ray diffraction data from the precipitates were not consistent with Mg2 Si. In
addition, the dislocation density in the composite was an order of magnitude higher
than that in the unreinforced material, resulting in more rapid precipitation in the
composite.
Prangnell and Stobbs [45] investigated the effect of SiC particles on the ageing
behaviour of two binary aluminium alloys, Al - 2.5 wt % Li and Al - 4.3 wt % Cu.
Their results showed a reduced time to achieve peak hardness associated with the
presence of the reinforcement. In examples such as this, the increased dislocation
density in the matrix of the composite is responsible for the observed changes in
precipitation.

The

large

thermal expansion mismatch between

matrix

and

reinforcement generates large stresses at the interface on cooling, giving rise to a high
density of dislocations. This facilitates the nucleation of precipitates and thus the
(general) acceleration of precipitation hardening.
On the contrary, in their study of SiC whisker reinforced Al-Cu and Al-Cu-Mg
alloys, Lee et al [40] found that age hardening in the Al-Cu / SiC composite was
retarded, the time to achieve peak hardness being almost doubled by the presence of
the reinforcement. The ageing sequence of the Al-Cu-Mg alloy was also altered by the
introduction of the SiC whiskers, with the precipitation of 0' thought to be
responsible. More recently, Friend et al also found that precipitation was slowed by
the presence of reinforcement [130]. The authors found that Al-Mg-Si alloy
reinforced with Saffil alumina fibres was significantly less sensitive to age hardening
than the corresponding unreinforced alloy. This was attributed to a reaction between
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the Saffil fibres and the magnesium present in the alloy which removed magnesium
from the matrix and thereby suppressed the formation of age-hardening precipitates.
In a study by Kumai et al [133], the ageing characteristics of a SiC particle-reinforced
A356 aluminium alloy were analysed and compared with those of the unreinforced
matrix alloy. It was found that, after ageing at 160°C, the alloy reached peak hardness
much faster than either of the composite materials.
In an investigation of Al - 5 % Cu - 0.5 % Mg - Ti alloys reinforced with
0.20 Vf alumina fibres, Decomps et al [129] found that the composite hardened more
quickly than the unreinforced alloy at temperatures above ~ 180°C, but that below
this temperature the unreinforced alloy hardened more quickly. They explained this by
referring to a critical temperature which divided the two observed trends. Below this
temperature the age-hardening precipitates formed on G.P. zones, whilst above the
critical temperature there were no more G.P. zones remaining, so the precipitates
formed directly on dislocations. Since there were more dislocations present in the
composite than in the unreinforced alloy, the composite hardened more rapidly above
the critical temperature.
Similarly, an investigation carried out by Ribes et al [26] on the age-hardening
behaviour of Al - 7 % Si - 0.3 % Mg alloys containing SiC particles showed that,
when aged at 140°C, both composite and unreinforced alloy reached peak hardness at
approximately the same time. However, the composite appeared to age faster at
higher temperatures, while the converse was true below - 140°C. The authors also
found that if the SiC particles were oxidised prior to their addition to the alloy, age
hardening in the matrix was completely suppressed, due to the formation of MgAl2 C>4
spinel at the interface causing depletion of magnesium in the matrix. This reiterates
the fact that reinforcement can change markedly the nature of the alloy to which it is
added.
In their study of an Al - 7 wt % Si - 0.3 wt % Mg alloy reinforced with SiC
particles, Han et al [46] observed significant grain refinement in the primary
aluminium phase of the composite matrix, a phenomenon which is often encountered
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in MMCs due to the grains impinging upon the reinforcement as the metal solidifies.
The decrease in grain size in the composite matrix results in enhanced mechanical
properties. In another study involving SiC particulate reinforcement [134], elastic
moduli and ultimate tensile strength values of a 2124 type alloy were found to
increase with the volume fraction of particles present. This was attributed to the
formation of S' (A^CuMg) precipitates during heat treatment of the composite
matrix, although a direct observation of these precipitates was not reported.
A change in matrix microstructure when reinforcements are introduced may be
observed with other alloy systems, for example magnesium-based matrices.
Chaudhury and Rack [47] studied the age-hardening behaviour of Mg - 6 % Zn alloy
reinforced with 0.20 Vf SiC particles. They found that, although the precipitation
sequence was similar to that observed in unreinforced Mg - Zn alloys, precipitation in
the composite was accelerated. Meanwhile, Purazrang et al [135] performed a study
of metal-matrix composites comprising short alumina fibres embedded in a
Mg - 10 % Al - 0.4 % Zn alloy. Their work revealed that the composite consisted of
much finer grains than unreinforced alloy produced under the same conditions. They
examined an unreinforced area of the composite and observed a coarse
microstructure, while the reinforced area of the same sample showed a fine
distribution of M g ^ A l^ precipitates.
It has thus been shown that the precipitation behaviour of a composite matrix
may be very different from that in the unreinforced alloy, for a wide variety of
matrix / reinforcement combinations. It is consequently essential to investigate the
effects of reinforcement upon precipitation-hardening alloys so that the resultant
properties and microstructures may be understood and optimised.
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2.

Aims of the investigation

Increasing interest in fibre-reinforced metal-matrix composites has highlighted
the need to improve transverse properties and hence optimise the matrix
microstructure. Relatively few studies to date have addressed the use of precipitationhardenable alloys as a way of improving these properties and the current study was,
therefore, designed to develop a composite with an aluminium-based precipitationhardening matrix. A '201'-type alloy was chosen since it has a particularly good
response to age hardening which, as described in the preceding chapter, is associated
with the development of the £2 phase. This microstructure gives high tensile strength
and good thermal stability, and the primary aim of the project was, therefore, to
develop

£2

precipitation-hardening phase in the composite matrix.

Two volume fractions of fibres were to be investigated, in order to identify
such factors as the effect of fibres upon matrix age hardening and microstructure.
Two matrix compositions would be investigated, one similar to that used in previous
studies of Al-Cu-Mg-Ag alloys, and the other with higher proportions of copper and
magnesium but no silver. Silver would therefore be incorporated into this alloy to
provide all the elements required for £ 2 precipitation.
The study would include detailed investigations of the microstructure and agehardening

response

of the

composite

matrices

using

techniques including

microhardness tests, quantitative composition analysis and transmission electron
microscopy. Parallel studies of the mechanical properties of the composites would be
carried out using tensile tests. Analysis of experimental data would enable the efficacy
of the reinforcement to be assessed; in particular, the degree to which theoretical
predictions of composite properties had been achieved.
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3.

Experimental Procedure

3.1

Materials

3.1.1

Unreinforced alloys

All materials used in this study were based on the quaternary Al-Cu-Mg-Ag
system, similar to A201 (Section 1.7.3), and two matrix alloys have been employed.
The alloy designated *F was supplied by the Defence Research Agency (DRA)
at Holton Heath and is a 415 (DRA nomenclature) alloy. This was supplied in the
form of sand cast plates. The alloy designated G 1 consists of 2124 alloy (International
Alloy Designation System nomenclature) with 1 wt % silver added. This alloy was
made at Bath University by stir casting in order to study the effect of a different
Mg:Ag ratio upon precipitation behaviour. The composition was chosen specifically
to promote the desired precipitation sequence in the aged alloy, i.e. some copper,
magnesium and silver to allow

£2

formation, but insufficient magnesium to promote

significant precipitation of the S phase (which requires ~ 3 wt % magnesium, Section
1.7.2). The nominal compositions of the alloys are given in Table 3.1.

Element

Alloy 'F

Alloy 'G'

Cu

4.0

4.0

Mg

0.3

1.5

Ag

0.5

1.0

Mn

0.2

0.3

Ti

0.2

0.1

Al

balance

balance

Table 3.1

Nominal compositions of the alloys used (wt %).

46

3.1.2

Production of 2124/Ag alloy ('G')

The stir-casting process used to make alloy G 1 is illustrated in Figure 3.1.
Samples of 2124 alloy with a total weight of 100 g were placed in an alumina crucible
and heated by radio frequency induction coils. The molten alloy was stirred with an
alumina rod, and small pieces of pure silver with a total weight of

1

g were added to

give a silver composition of 1 % by weight. The mixture was stirred thoroughly and
left at a temperature of ~ 650°C for approximately fifteen minutes to allow full
diffusion of the silver. The molten alloy was then stirred again, poured into a mould
and left to cool.

3.1.3

Reinforcement

The reinforcement used in this study was Saffil 8 -alumina fibres supplied by
ICI. The fibres were short (between 100 pm and 500 pm in length) and had an
average diameter of 4 pm. According to manufacturer's data [53] the fibres were
oriented in a planar-random manner in preforms, as illustrated schematically in the
upper part of Figure 1.1. The preforms had a diameter, d, of 100 mm and a thickness,
t, of either 10 mm or 20 mm. Figure 3.2 shows the appearance of the fibres in the asreceived condition. They appeared to be oriented uniformly within the preform. X-ray
diffraction was performed on a small sample of crushed fibres to identify the phases
present. A Philips 1820 diffractometer employing Cu Ka radiation was used.
Two preform densities were used, one corresponding to a fibre volume
fraction (Vf) of 0.08 and the other to 0.26 Vf. The density of each preform was
determined by weighing to give the mass, m, and measuring the total volume, V. The
density of the preform, p, was then calculated from the equation p = m/V. The density
of Saffil fibres, Psaffih was known from data sheets [53] to be 3.3 g cm"3. Thus by
expressing the calculated preform density as a fraction of the known density of Saffil
fibres, the volume fraction and thus percentage (by volume) of Saffil fibres in the
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preform could be calculated. Table 3.2 shows the density calculations for the preforms
used.

Pre form thickness, t
t=10mm

t=10mm

t=20mm

Preform volume, V = 7td2t/4 (mm3)

78540

78540

157080

Preform mass, m (g)

22.00

66.20

132.20

Preform density, p=m/V (x10_3gmm“3)

0.28

0.84

0.84

Volume fraction of fibres, p / psnffii

0.08

0.26

0.26

Table 3.2

3.2

Calculation of fibre volume fractions in Saffil preforms.

Composite manufacture

The composite materials used in this project were made at Bath University by
liquid metal infiltration with hydraulic pressure (Section 1.5.3 (b)). The apparatus,
illustrated in Figure 1.2, consists of a cylindrical steel die cavity, approximately
100 mm in diameter, into which the pre-heated fibre preform was placed. The die of
the caster was heated by eight equispaced 750 Watt cartridge heaters surrounding the
cavity. For this study the die was heated to a temperature of ~ 450°C and the fibre
preforms were pre-heated in a furnace to a temperature of ~ 600°C. An alumina-lined
bottom-pouring crucible containing the alloy was situated above the die and
connected to it by an alumina-lined launder tube through which the molten alloy ran
just before infiltration. The alloy in the crucible was melted via radio frequency
induction coils and poured into the die at a temperature of approximately 850°C,
sufficiently high to allow for some cooling of the melt as it descended the launder.
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Thermocouples situated throughout the apparatus monitored temperatures during the
process.
Immediately after pouring the molten alloy into the die, the ram was lowered
into the die thereby forcing the molten metal into the preform and causing infiltration.
The final pressure achieved was ~ 25 MPa. This pressure was maintained for
approximately five minutes, during which time the cooling water was turned on to aid
solidification of the infiltrated fibre preforms. The pressure was then decreased and
the die left to cool before removal of the cast billet
In this study two fibre preforms, one of 0.08 Vf and one of 0.26 Vf, were
stacked on top of one another in the die cavity so that two composite materials were
made from each casting, thereby ensuring consistent process conditions. The preform
of lower density was positioned on top to allow the alloy to infiltrate both preforms in
succession. Each cast billet therefore consisted of three layers (Figure 3.3):
unreinforced alloy at the top, low fibre volume fraction (0.08 Vf) composite at the
centre and higher fibre volume fraction (0.26 Vf) composite at the base.

3.3

Machining

Specimens of unreinforced alloys and composites for metallography and
tensile tests were prepared with the use of several machining processes. Initial cuts
through the cast billet,

100

mm in diameter, were made by using a silicon carbide

blade on either the Discotom cutting machine or the larger Exotom machine. Sections
of this size took typically three or four minutes to cut. Subsequent cuts were made
with a Buehler Isomet precision cutter fitted with a diamond wheel. When using this
cutter it was necessary to vary the conditions according to the material, in particular
for the unreinforced alloys which had a tendency to clog the blades. For this reason a
fairly high cutting load (300 g) was used for the alloys.
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Specimens for metallographic examination and for heat treatment were cut to
give cubes with ~ 10 mm sides. Specimens for mechanical testing were cut in several
steps, as illustrated schematically in Figure 3.4. Firstly the billet was cut into two and
the edges were removed to give a central portion of approximate width 80 mm. The
billet was then cut into ~ 6 mm slices, and the three materials (unreinforced alloy,
0.08 Vf composite and 0.26 Vf composite) were then cut from each other. Each piece
was cut into ~ 3 mm thick bars, giving tensile test specimens with approximate
dimensions 3 mm x

6

mm x 80 mm for each material in the billet, in accord with

criteria specified in BSEN 10002-1 [136].

3.4

Heat treatment

Specimens from each material were heat-treated in a number of stages:
solution treatment to achieve a solid solution of the constituent elements, rapid
cooling to achieve a supersaturated solid solution and, finally, ageing to induce
controlled growth of precipitates.

3.4.1

Solution treatment

With aluminium-copper based MMCs, macro- and micro-segregation of solute
elements can occur near the reinforcement and in other areas of the billet
Consequently a lower melting point eutectic constituent may form locally, and this can
undergo burning during the solution treatment One way to avoid burning is to
progressively heat the material in two stages, firstly to allow diffusion of the eutectic
constituent in the solid state and, secondly, to achieve full homogenisation of all the
alloy constituents.
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The two-stage solution treatment developed for the Al-Cu-Mg-Ag based
materials used in this project was

6

hours at 500°C followed by 18 hours at 530°C.

This treatment was followed by quenching into cold water.

3.4.2

Artificial ageing

Two ageing temperatures were used to examine the effect on age-hardening
behaviour of unreinforced alloy. The temperature chosen initially was 140°C, since
such temperatures have been shown to provide high hardness in peak-aged Al-Cu
alloys [ 1 ]. Subsequent ageing treatments on all materials were carried out at the
higher temperature of 185°C, similar to ageing temperatures used in other studies on
Al-Cu-Mg-Ag alloys [35, 117, 124,125]. This higher temperature was also chosen to
increase the rate of achieving peak hardness in the specimens and thereby save time.

3.5

Specimen preparation for metallography and testing

Microscopic examination and analysis of specimens requires a surface that is
flat and suitably smooth. Consequently metallographic specimens are usually polished
in a number of steps to provide a successively finer finish [137]. For this study, each
- 1 0 mm3 specimen was mounted into a 30 mm diameter mould with Buehler Epofix
two-part, cold-curing epoxy resin. This was to facilitate easy handling during the
polishing process. The exposed specimen surface was then ground roughly on silicon
carbide paper before full metallographic preparation, which was carried out on a
Buehler Motopol automatic polishing machine.
Sample preparation on the Buehler machine involves rotation of samples on a
polishing surface which also rotates, and an abrasive medium is applied to the surface.
Due to the difference in hardness between a ductile aluminium alloy and a brittle
ceramic fibre, the polishing routines used for composites containing both these
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constituents must be developed carefully according to the nature and amount of
reinforcement present Three different polishing routines were therefore employed:
one for unreinforced alloy, one for 0.08 Vf specimens and one for 0.26 Vf specimens.
Each stage used successively finer abrasive particles on various polishing surfaces.
The routines are given in Table 3.3. The first stage, on coarse silicon carbide
paper, produces a flat surface on the specimen ("planar grinding"). The following few
stages remove scratches from the previous stage whilst also removing underlying
damaged material from the sample ("sample integrity"). The final stages are designed
to polish the sample constituents, so the unreinforced alloy requires only one polishing
stage while the composite samples require two: one for the Saffil fibres and one for
the matrix.

Stage

Unreinforced alloy

Planar grinding

240 grit SiC paper

Low V f composite

High Vf composite

(0.08)

(0.26)

240 grit SiC paper 30 pm diamond on
Metlap 10

Sample integrity 1. 15 |jm diamond on
PerfTex
2. 6 pm diamond on
PerfTex
3. 3 pm diamond on

9 pm diamond on

9 pm diamond on

PerfTex

Metlap 4

3 pm diamond on

1 pm diamond on

Texmet

Texmet

—

—

Texmet
Polishing 1.

0.06 pm S i0 2 on

0.06 pm S i0 2 on

0.06 pm S i02 on

Microcloth

Texmet

Texmet

0.06 pm S i0 2 on

0.06 pm S i02 on

Microcloth

Mastertex

2.

Table 3.3

—

Specimen preparation routines used in the project.
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3.6

Microhardness tests

Specimens were subjected to microhardness tests using a Leco M-400
machine fitted with a Vickers pyramidal indentor. A load of 25 g was applied to the
surface of each specimen for 15 seconds, and this made a series of square pyramidal
shaped indentations in the material. The diagonal lengths of the indents were
measured and a corresponding Vickers hardness number was obtained from reference
tables.
Ten indents were made on each alloy and composite specimen in cast,
solution-treated and aged conditions. In the case of composite samples it was
important to position the indents in matrix areas close to fibres but not touching them,
to avoid misleadingly high hardness values. This was relatively easy for the 0.08 Vf
samples but, in the case of 0.26 Vf, the matrix gaps between fibres were sometimes as
small as the indents themselves (generally of the order of 10 -1 5 pm). In such cases
extra care was needed when positioning indents, and any exceptionally high readings
were disregarded.
Microhardness values were plotted against ageing time to show the
age-hardening response of each material.

3.7

Light optical microscopy

Specimens from each condition were examined by reflected light optical
microscopy to study features such as grain structure, size and distribution of pores,
extent of infiltration of the fibres and fibre distribution. A Zeiss ICM 405 microscope
fitted with a 35 mm camera was used, and in most cases a technique known as
differential interference contrast (DIC) was employed to improve the contrast
between phases. The principle of this technique is outlined below.
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3.7.1

Differential interference contrast

Differential interference contrast (DIC), also known as Nomarski interference,
provides extra contrast in colour between phases by converting the grey levels caused
by optical path differences into chromatic differences. Hence DIC with reflected light
gives depth to an otherwise flat image by exaggerating surface topography. The
principle of DIC is described comprehensively by Bousfield [138].
In essence the technique works by splitting the incident light beam into two to
give an ordinary ray and an extraordinary ray. The rays are then polarised, with the
planes of vibration perpendicular to each other. These two rays travel to the specimen
and are then reflected back to the viewer via the beam splitting wedge, which
recombines the rays. Each of the rays will have travelled a different optical path
distance, and this difference is converted by the wedge to give a background colour.
This colour will change with every optical path difference, so differences in slope on
the surface may be detected. Thus the DIC technique allows features such as "hills"
(e.g. regions of second phase) and "valleys" (e.g. pores) to be identified clearly.

3.7.2

Electrolytic etching

Etch techniques were carried out with the use of Polectrol electrolytic etching
apparatus to reveal the grain structure of metallographic specimens. During etching, a
direct current is established between two metal electrodes in an electrolytic solution,
causing metal ions to be transferred from the anode through the electrolyte and
deposited on the cathode. In this study a mounted, polished metallographic specimen
acted as the anode of a cell containing an electrolyte of 5 % fluoroboric acid. When a
voltage was applied, current flowed through the cell causing material to be removed
from the anodic specimen. Preferential removal of material takes place at sites of
surface roughness, so in this case intermetallic second phases (such as those at grain
boundaries) were etched preferentially. Unreinforced alloy specimens were etched for
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two minutes, while composite specimens were found to require only ninety seconds to
achieve a fully-etched surface.
When viewed through a polarising lens in the optical microscope, each grain
reflects light in a slightly different orientation. Therefore each grain is clearly
distinguishable from its neighbours, allowing measurements of grain size to be made.
Extra contrast between grains and fibres (in the case of composite specimens) was
achieved with the use of a colour filter in addition to the polarising lens. The grain
structure of etched specimens was then photographed.

3.7.3

Image analysis

Analysis of images provides quantitative information about the nature of a
specimen and its constituent phases. Image analysis is achieved by positioning the
specimen under a standard optical microscope and a video link is employed to convey
the image to a computer screen. The image may then be enhanced to give optimum
brightness and contrast of phases, and a computer program sets threshold levels of
contrast to pick out individual phases. For example, in a composite specimen the
threshold levels may be set so that, in any region, only the fibres are highlighted;
varying the threshold levels permits the subsequent selection of intermetallic second
phases or pores. When the desired phase has been correctly selected calculations may
be performed to determine, for example, the area per cent or distribution of that phase
or the length of a certain feature (e.g. fibre diameters or lengths). The data may then
be transferred to a spreadsheet for analysis.
Image analysis in this study was performed by using an Optimas system
combined with an Excel spreadsheet package. Calculations of area per cent fibres,
intermetallic second phase and porosity were obtained on all unreinforced alloy and
composite specimens.
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3.8

Electron optical microscopy

3.8.1

Scanning electron microscopy (SEM)

Scanning electron microscopy (SEM) is often used in addition to optical
microscopy by virtue of the enhanced resolution and depth of field possible in the
SEM. Typically features of ~ 5 nm may be resolved in the SEM, although this
depends upon the stability of the image. This is a significant improvement over the
resolution limit in the optical microscope, which may be ~ 500 nm.
In the scanning electron microscope a voltage is applied to a tungsten filament
and electrons are generated from its surface. A higher voltage (10 kV to 30 kV) is
then applied to accelerate the generated electrons through the specimen column of the
microscope, and the beam of electrons may be focused to a fine point (~

2

-

10

nm

spot size) on the specimen by a series of electromagnetic focusing and condensing
lenses. By varying the voltage applied to these lenses and thus their electromagnetic
field, the incident electron beam may be scanned across the surface of the specimen.
The system is kept under vacuum to prevent electron absorption by air.
When the high-energy beam of electrons hits the specimen a variety of
interactions may occur. These interactions are illustrated schematically in Figure 3.5.
Some electrons will be reflected back from the surface (backscattered electrons), and
some atoms at the surface of the specimen undergo excitation which results in the
emission of secondary electrons from the specimen. The extent of these emissions
depends upon several factors such as atomic number, density and secondary electron
emission coefficient of the sample material. An increase in any of these factors will
cause a corresponding increase in the total number of emissions.
The secondary electrons are collected by a detector fitted with a signal
processor which generates an image on a cathode ray tube as the incident electron
beam is scanned across the specimen. This image may also be photographed. If the
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specimen is tilted the relative position of the detector is altered, giving changes in
contrast and hence a better representation of the morphology of the specimen.
If compositional differences across the specimen are to be studied, for example
to investigate microsegregation, the detector may be controlled to pick up
backscattered electrons. As the atomic number or density of the specimen material
increases, the number of backscattered electrons produced also increases due to a
greater number of possible interactions between incident electrons and atoms of the
specimen. This change in the number of backscattered electrons allows atomic number
variations across the specimen to be detected. A more detailed compositional analysis
may be performed by utilising energy-dispersive x-ray spectroscopy (EDS), as
discussed in the following section.
The scanning electron microscopes used in this project were a JEOL JSM-35C
and a JEOL 6310, both fitted with a LINK AN10000 EDS system. Specimens for
SEM were required to have a smooth, clean surface and all specimens were polished
as described in section 3.5. In order to provide a conducting path from the specimen
to the brass holder and thereby prevent charging up at the surface, a small amount of
colloidal graphite was applied across the mounting resin between the specimen and
the holder before inserting into the SEM.

3.8.2

Electron-probe microanalysis (EPMA)

Electron-probe microanalysis (EPMA) is based on the principle of
characteristic x-ray generation from a specimen when it is bombarded with high
energy electrons. This generation is another of the possible emissions arising from the
interaction of fast-moving electrons with a specimen (Figure 3.5).
When an electron is accelerated rapidly through a potential difference towards
a target, it may have sufficient energy upon collision to remove an orbiting electron
from its position in the innermost shell around one of the target specimen atoms, such
that an electron from an outer orbit of higher energy will move to fill the vacancy
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created. On so doing this electron emits its excess energy as an x-ray. This emission
only occurs in conjunction with an electronic transition within the specimen atoms
and, since each atom has its own characteristic set of atomic energy levels, the x-rays
emitted from it will also be of characteristic energies. Thus by analysing the x-ray
emission spectrum from a specimen the elements present may be identified.
While all electrons strike the target with the same energy, only rarely are they
stopped in a single encounter so as to convert their entire energy into one x-ray. More
frequently the incident electrons lose successive fractions of their energy in a series of
glancing encounters with a number of target electrons. Thus a continuous spectrum is
produced from these interactions. Superimposed upon this background spectrum, or
Braehmstrahlung, are characteristic peaks corresponding to those instances when an
incident electron has sufficient energy to remove a target electron from its equilibrium
energy level and so cause the emission of a characteristic x-ray.
Analysis of the characteristic x-rays emitted from a specimen involves the
accurate measurement of their intensities and their wavelengths or energies, and there
are two systems available for this: wavelength-dispersive spectroscopy (WDS) and
energy-dispersive spectroscopy (EDS). Both types of spectrometer are available for
fitting to electron optical columns [139].
Wavelength-dispersive spectroscopy involves the 'filtering' of the x-ray
emission from a specimen so that only x-rays of a chosen wavelength (usually the
characteristic wavelength of the element of interest) are allowed to fall on a detector.
The filtering is achieved by a crystal spectrometer which employs Bragg diffraction
from the crystal lattice planes to separate the radiation according to wavelength. Only
those x-rays whose wavelengths satisfy Bragg’s law will be diffracted by the crystal
and so reach the detector. The wavelength, X, of such x-rays is given by:
X=

(2

d sin 0 ) / n ,

where d is the lattice spacing of the crystal,

0

is the angle between the incident x-rays

and the crystal lattice planes, and n is the diffraction order (1, 2, 3, etc.). The intensity
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of the detected x-rays is then calculated electronically for each wavelength (i.e. for
each element).
Energy-dispersive

spectroscopy

involves

a

lithium-drifted

silicon

semiconducting detector, held at liquid nitrogen temperature. When x-rays emitted
from the specimen enter the silicon semiconductor, electron/hole pairs are generated,
and the number of electron/hole pairs is proportional to the x-ray energy from the
specimen. If a voltage is applied across the silicon detector, a current pulse is
produced due to the generation of electron/hole pairs. This pulse is then amplified and
separated into an energy band, thus allowing the detection of all, or most of, the
emitted x-ray energies from the specimen.
The relative merits of the WDS and EDS techniques are discussed elsewhere
[139]. Generally, however, EDS has a much greater detection efficiency than WDS
and takes less time to generate a complete x-ray spectrum, although the detection
sensitivity of WDS is superior. Consequently the choice of which technique to use
should be based upon a consideration of the specific analysis required. In this project
electron-probe microanalysis has been used in conjunction with the WDS technique
for a detailed, quantitative analysis of the composition of the materials under
investigation, and the EDS technique has been employed with scanning and
transmission electron microscopy for a qualitative analysis of the elements present
The EPMA instrument used in this project was a JEOL 8600 Superprobe. The
instrument allows computer-controlled manipulation of the specimen and processing
of results. An incident beam energy of 12 kV and a beam current of 2.00 x 10' 8 Amps
was used throughout the investigation. In quantitative EPMA the measured intensity
of a particular characteristic x-ray line from any spot on the specimen was compared
with that from a reference standard. The ratio of specimen intensity to standard
intensity was then converted by computer processing to give equivalent weight per
cent and atomic per cent compositions for each element All results from EPMA were
automatically normalised with respect to atomic per cent so that, in the tables given
later, the weight per cents do not always give a total of 100 %. The standard
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specimens used must be of known chemical composition, homogeneous and stable.
For this project most of the standards used were pure elements but the standard for
magnesium was MgA^C^, since pure magnesium oxidises easily. An example of the
raw data obtained from the EPMA is given in Table 3.4 for solution-treated,
unreinforced 415 alloy. All quantitative EPMA results were derived from an average
of at least ten such measurements on each specimen and in each condition. The TC
term in Table 3.4 represents the ratio of the characteristic x-ray emission from the
specimen to that from a pure standard [139].

Net c .d .s.

Element

K (%)

ZAF

Wt%

At %

Spec.

Std.

Al

22660.0

24385.2

93.018

1.0441

97.125

97.578

Si

7.1

16231.4

0.044

1.6960

0.074

0.072

Cu

57.0

1728.2

3.313

1.1887

3.938

1.680

Ti

5.5

1726.3

0.318

1.1363

0.362

0.205

Ag

19.4

4753.6

0.410

1.3083

0.537

0.135

Mn

3.9

2672.9

0.147

1.1478

0.168

0.083

Mg

40.6

2649.7

0.262

0.8454

0 .2 2 1

0.247

Table 3.4

Example of EPMA data for one 'spot' measurement
on solution-treated unreinforced 415 alloy.

As a result of the difference in electron and x-ray behaviour of different
elements, quantitative EPMA requires a correction technique which takes such
variations into account. Correction procedures commonly consist of three main terms:
an atomic number correction, given the symbol Z; an absorption correction, A, to
account for generated x-rays lost by absorption in the target; and a fluorescence
correction, F, to account for instances when one of the primary x-ray emissions is of
sufficiently high energy to itself generate additional x-rays from the specimen. In this
project the so-called ZAF correction procedure was used, as shown in the table
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above; the analysis and suitability of correction procedures for quantitative EPMA has
been addressed elsewhere [139].
In addition to the spot mode of quantitative composition analysis by EPMA,
analysis over a larger area of the specimen was also performed. The use of the area
scan mode (typical area analysed ~ 400 |im2) is particularly important in the case of
inhomogeneous specimens, such as composite samples or those containing areas of
second phase. In such cases localised spot analysis, which may only cover ~ 4 nm2 for
each measurement, may not include features such as second phases or fibres which
will alter the composition of the bulk material. Moreover, analysis over an area
ignores the effects of microsegregation of elements and gives instead an overall
composition. Both spot and area modes of quantitative EPMA analysis were therefore
used in this project. When performing area analysis on composites, the proportion of
Saffil fibres within the analysed area was measured to study the variation of matrix
composition with fibre content. A secondary electron image of the analysed area was
photographed and the fibre content (area per cent) was then determined by image
analysis. The fibres appeared much darker than adjacent matrix areas, so the two
constituents were easily distinguishable. All area analysis measurements were
performed in this way, with fibre proportions varying from ~

10

area % to

~ 60 area %. In the corresponding EPMA 'area' measurements, oxygen (present in
alumina and silica in the fibres) comprises the ’balance' of composition.

3.8.3

Transmission electron microscopy (TEM)

Transmission electron microscopy (TEM) is often used in conjunction with
optical microscopy and scanning electron microscopy since it offers better resolution
than the other techniques (typically features of ~ 1 nm may be resolved in the TEM).
TEM utilises the principle that some electrons which fall onto a specimen, provided
that it is sufficiently thin, will pass through i t The process of electron generation in
the TEM is the same as that for SEM. Electrons are emitted from a heated filament
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and accelerated through a high potential (200 kV was generally used in this study).
The high energy electrons are then focused electromagnetically into a parallel beam to
give uniform illumination of the specimen. The electron beam passes through
electron-transparent regions of the specimen and a magnified image is then formed by
the objective and projector lenses. The final image is projected onto a fluorescent
screen and may be photographed. Since electrons are easily absorbed by air the whole
system is kept under a high vacuum (usually -

10"2

Pa or less) to ensure that the

electrons travel freely through the microscope column.
The TEM used in this study was a JEOL 2000 FX instrument attached to a
LINK AN10000 EDS system. Specimens for TEM must be transparent to electrons
and this requires a careful thinning process, as described below.

3.8.4

Preparation of specimens for TEM

Thin foils of material were prepared by first cutting a 1 mm slice from each of
the polished, mounted specimens with the Isomet precision machine fitted with a
diamond cutting wheel. The resin was removed from the edges of the sample, leaving
a 1 mm thick rectangle of material. This was then glued on to a glass slide, and a
3 mm diameter disc was drilled part of the way through the material, to a depth of
approximately 300 - 400 pm, using a pillar drill. When two or three of these discs had
been drilled the material was removed from the glass slide with acetone, and the
reverse side of the sample was glued to the bottom of a bakelite mount to allow easy
handling. The surface was then ground on coarse silicon carbide paper until the
circumferences of the part-drilled discs could be seen. The discs were removed with
acetone and then further ground on finer silicon carbide paper to a thickness of not
more than 150 pm.
The second stage of thinning was carried out on a VCR D-500 dimpling
machine. The dimpling technique involves making a saucer-like depression at the
centre of both sides of the disc via a small rotating wheel on the surface of the disc
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w h ich a lso rotates (Figure 3 .6 (a)). T he d iam eter o f the d ep ression , or dimple, is

related to the thickness at the centre of the dimple by the following equation, derived
from simple geometry (Figure 3.6 (b)):

where x is the depth at the centre of the dimple, R is the radius of the dimpling wheel
(in this case R = 7mm) and D is the diameter of the dimple. Hence by measuring the
diameter of the dimple made on each side of the specimen, the remaining thickness of
material may be deduced. Specimens were dimpled to give a central region thinned to
10 - 15 pm.
The final stage of thinning was carried out in a Gatan 600 ion beam milling
unit fitted with a liquid nitrogen-cooled chamber. During this process a beam of argon
ions is accelerated towards the specimen, and the high energy of the incident ions
causes the specimen to be gradually eroded via emission of its own atoms. An incident
beam angle of 15° and a voltage of approximately 5 kV were used until perforation of
the disc. A laser beam was positioned over the centre of the specimen to detect the
onset of perforation, at which point the incident beam angle was reduced to

10

° for a

few hours to thin the edges of the perforated disc further. The whole process was
carried out with the use of the liquid nitrogen chamber to prevent heating of the
specimens during thinning, which could clearly affect the microstructure of
precipitation-hardening materials. The effects of ion milling with and without a cold
chamber have been reported elsewhere [140].

3.8.5

Electron diffraction in the TEM

The primary image in the transmission electron microscope originates from
those electrons which pass through thinned regions of the specimen. In addition to
this image, diffraction effects are produced by interactions between the incident
electrons and atoms within the specimen. The incident electron beam acts as a
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coherent radiation source, producing a diffraction pattern at the position of the
objective aperture in the microscope. By altering the lens currents and thus the focal
points of the objective and projector lenses, the diffraction pattern may be viewed on
the microscope screen.
The type of diffraction pattern formed depends upon the nature of the
specimen under investigation. The pattern for a crystalline material such as an alloy
consists of a series of small spots around a central, brighter spot. The pattern for an
amorphous material such as glass consists of a series of diffuse rings, while the
diffraction pattern for a polycrystalline material such as a ceramic fibre generally
consists of thin streaks (numerous very small spots) in a ring pattern.
By measuring the distance from the central diffraction spot to its nearest
neighbours it is possible to obtain the corresponding lattice spacing of the specimen
material. This is done by applying the Bragg law of diffraction:
n X = 2 d sin

0

where n is the order of diffraction ( 1 , 2 , 3, etc.), X is the wavelength of the radiation,
d is the interplanar spacing for the specimen lattice and 0 is the Bragg angle. For the
very small angles typical of electron diffraction we may write sin 0 = 0 , and for small
angles 2 0 = r / L, where r is the measured distance between spots and L is the camera
length of the microscope. Thus for first order diffraction (n = 1) we may now write:
d = A, L / r.
X L (the camera constant) is known for each instrument and so we may determine the
interplanar spacing of the specimen lattice by measuring r from the diffraction pattern.
When combined with ASTM index information, lattice parameter charts and electron
micrographs, diffraction patterns allow the crystallographic characterisation of
individual phases in the specimen.
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3.9

Mechanical testing

3.9.1

"Time of flight" dynamic modulus analysis

All specimens for tensile testing were first subjected to a simple test to
determine the dynamic modulus and to compare this value with the elastic modulus
obtained from tensile testing.
The technique involved measuring the speed of sound travelling through the
specimen and relating this to the elastic modulus E by the equation
E = pv2,
where p is the density of the specimen (determined by measurements of specimen
mass and volume) and v is the speed of sound through the material.
Measurements were made with a Pundit unit. This consists of two transducers
that are held in contact with the ends of a specimen of known length (1 ), with a thin
layer of petroleum jelly to improve contact. The unit was calibrated initially by
measuring the time taken for a 150 kHz pulse to cross a standard bar. Each specimen
in turn was then positioned between the transducers and the time taken for the sound
pulse to cross the specimen (the so-called "time of flight") was recorded. The velocity
of sound through the material, v, is then given by
v = l/t
and this value may then be substituted into the equation for elastic modulus above.

3.9.2

Tensile test specimen preparation

3.9.2 (a)

Specimen code numbers

Specimens for tensile testing were cut as described in Section 3.3, then
ascribed code numbers to allow easy identification and distinction between the 415
and 2124/Ag systems, and also between cast and peak-aged specimens. As mentioned
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in Section 3.1.1, specimens with a 415 alloy matrix were designated 'F, while those
from the 2124/Ag system were ascribed the letter 'G'. Additional code features used
were as shown below.

F 8

/

C 2

/
Alloy
matrix
F : 415
G: 2124/Ag

\

Volume %
Saffil fibres

Condition

Specimen
number

0, 8, 26

C : cast
A : peak-aged

1-7

3.9.2 (b)

End tabs

End tabs were attached to all tensile test specimens, in accord with BSEN
10002-1 [136], to avoid compressive damage to the ends of the specimens and the
possibility of a non-uniform stress distribution within the gauge length.
Specimens were ground roughly with silicon carbide paper at the ends of the
wider faces and cleaned in acetone to remove any traces of grit. An aluminium sheet
approximately 1.5 mm thick, with one side grit-blasted, was cut into tabs of
approximate dimensions 20 mm by 8 mm. One edge of these tabs was ground to a
taper and, after thorough cleaning in acetone, the tabs were glued onto tensile
specimens with the tapered ends of the tabs facing the centre of the specimen. The
tapered ends are necessary to help reduce stress concentrations that could otherwise
cause failure to occur within the tabbed region.
Initially the adhesive used was Araldite 2001 two-part resin. However, tabs
glued on with this adhesive were subsequently found to move under relatively low
stresses during tensile testing. Consequently a second adhesive, Ciba-Geigy 403 twopart resin, was used for all further tests resulting in strong bonding and thus no
premature tab movement during tests. The resin was applied liberally, particularly in
the region ahead of the tab ends, to reduce stress concentrations further. Once the
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tabs were correctly positioned the specimens were clamped tightly and left over night
to achieve full curing of the adhesive. The specimen gauge length (distance between
tabs) was generally ~ 40 mm.

3.9.2 (c)

Strain gauges

To measure the strain in a sample during testing, gauges were attached to each
specimen after end tabbing. A strain gauge is, in essence, a network of fine conductive
wires mounted on a resin backing. When bonded to the surface of a specimen, the
wires deform with the specimen surface during loading and this deformation changes
the electrical resistance of the wires. The resistance variation may then be related to
the elongation of the wire in the direction of the gauge, i.e. the local strain in that
direction.
Strain gauges, supplied by TML Tokyo Sokki Kenkyujo Co. Ltd. (type FLA6-11), were glued on to the centre of the specimens with 'Loctite' adhesive. Each
strain gauge had a length of 6 mm and a nominal resistance of 120 Q. A small contact
pad was also glued on to each specimen adjacent to the strain gauge (see Figure 3.7),
and the extension wires from the strain gauge were soldered on to this contact pad to
allow subsequent connection to data analysis equipment during testing.
Figure 3.8 shows all of the 415- and 2124/Ag-based specimens used for tensile
testing, some of which have had end tabs and strain gauges attached.

3.9.3

Tensile testing and analysis

The test method used in this project was tensile testing, whereby the failure
stress of a specimen, G , is given by
a = F / A,

where F is the applied load at failure and A is the cross-sectional area of the specimen.
The tensile elastic (Young's) modulus of the specimen, E, is then given by
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E = a / e,

where

8

represents the longitudinal strain in the specimen. Thus the elastic modulus

may be obtained from the slope of the linear (elastic) portion of a stress versus strain
graph. The onset of plastic deformation (yield point) is often quoted for metals;
however, for materials which may not show a sharp yield point (such as some
composites), a conventional definition of the beginning of plastic flow is the

0 .1

%

proof stress, in which a line is drawn parallel to the elastic portion of the stress-strain
curve from the point of 0.1 % strain. Values of 0.1 % proof stress, where possible,
have therefore been determined in this study.
Specimens were tested on an Instron 1195 machine fitted with a load cell of
100 kN. A cross-head speed of 2 mm per minute was used for all tests. Each
specimen was connected to a Marandy MR1004 data acquisition system, which
converts analogue signals to a digital format using a voltage range of 0 to 10000 mV
in finite steps of 4 mV. The output signal corresponding to the resistance variation of
the strain gauge was amplified using a gain of 2 0 0 .
Information from the Marandy system was converted via data processing to
give values of stress against strain throughout the tests. Strain readings were found in
some cases to reach a limiting value of ~ 2 % with no further elongation recorded,
although stress in the sample continued to rise up to the point of failure. This was due
to the output voltage rising to a value outside the range of the Marandy apparatus,
such that strains corresponding to voltages beyond the maximum of 10000 mV were
not detected. For specimens that exhibited this behaviour the value of approximately
2

% strain therefore provides only a lower bound for the specimen failure strain.

Tensile test data were transferred to a spreadsheet package and graphs of stress
versus strain were plotted for each specimen. No 'smoothing' processes were
performed, i.e. real stress-strain results were plotted. From these graphs values of
Young’s modulus, 0.1 % proof stress, tensile strength and failure strain were deduced.
Finally the fracture surfaces of specimens from each condition were examined
in the SEM to provide additional information on failure modes.
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4.

Results

4.1

The reinforcement

X-ray diffraction analysis of a sample of crushed Saffil fibres (Figure 4.1)
identified the tetragonal

8

-alumina phase. Comparison of the spectrum from Saffil

fibres with the published spectrum for tetragonal 8 -alumina, also shown in Figure 4.1,
confirms the identification.

In the rest of this chapter the 415 system and the 2124/Ag system are
considered separately. Section 4.2 deals with the microstructural features of materials
in the 415 system, while Section 4.3 gives mechanical property data for these
materials. Section 4.4 considers the microstructural aspects of materials in the
2124/Ag system, and finally Section 4.5 deals with mechanical properties of these
materials.

4.2

The 415 alloy system: Microstructure

4.2.1

(a)

Unreinforced alloy

Cast condition

Figure 4.2 is an optical micrograph showing the typical microstructure of the
cast alloy cut from the top of the squeeze cast billet (see Figure 3.3). The alloy
exhibited little porosity (less than

2

vol %, determined by image analysis) but a

considerable amount (~ 4 vol %) of an interdendritic second phase. This phase was
found by electron-probe microanalysis to contain aluminium and copper in
proportions consistent with the CuAl2 phase.
The grain structure of the alloy was more easily seen after etching the
specimen and viewing under polarised light, as shown in Figure 4.3. The grain size
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ranged from approximately 100 p m 'to 500 pm. EPMA revealed the presence of
microsegregation of copper within grains, with the copper concentration increasing
towards the interdendritic second phase. This is illustrated in Figure 4.4 which shows
a secondary electron image of an area of a dendrite between regions of second phase,
and the corresponding x-ray line scan for copper across the area. The copper
concentration was found to increase gradually from the centre of the dendrite towards
the interdendritic phase. Microsegregation of other solute elements was not observed.
The presence of microsegregation of copper is also illustrated in Figure 4.5,
which shows a secondary electron micrograph of the alloy and the corresponding
backscattered electron image of the same area. In backscattered mode, regions of
copper show up lighter than regions of aluminium because the higher atomic number
of copper allows more electrons to be backscattered. Within each grain the dendritic
pattern of this microsegregation, or coring, was clearly visible with backscattered
imaging. More detailed EPMA studies using 'spot' analyses (Section 3.8.2) showed
that the copper concentration varied from approximately 5 wt % close to the
interdendritic second phase, to just 2.5 wt % at the centre of the dendrite arm.
EPMA also revealed the presence of approximately 0.2 wt % magnesium and
(0.4 wt % silver in the cast alloy, slightly less than anticipated for the 415 system.
Manganese and titanium were found in quantities not greater than ~ 0.2 wt %.
In addition to localised spot analysis, it was decided to carry out quantitative
EPMA over larger areas (~ 400 |im2) of the specimen as discussed in Section 3.8.2.
The average composition of the alloy is given in Table 4.1. By comparing results from
spot and area analysis one can see that the compositions of copper, magnesium and
silver were consistent for both methods. Area analysis revealed the presence of
~

0 .2

wt % silicon, while less than 0 . 1 wt % was found by using spot analysis.
The average microhardness obtained from measurement of indents on the alloy

was 92.5 ± 6.5 HV. The variation represents the 95 % confidence interval about the
mean hardness.
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A specimen was analysed in .the TEM and Figure 4.6 (a) shows the typical
microstructure. The alloy was seen to contain relatively few precipitates, existing as
thin platelets generally less than ~ 200 nm in length. The precipitates were oriented on
two perpendicular directions and analysed by electron diffraction (Figures 4.6 (b)
and (c)) to be the 0 1 phase, CuAl2 »lying on {100} planes of the aluminium lattice. The
precipitate density was estimated to be ~

1 0 19

m-3, derived by assuming a foil

thickness of 300 nm. Figure 4.6 (d) shows a diffraction pattern from areas where there
were no precipitates, so spots relating only to the aluminium lattice are seen, as shown
in the indexed pattern (Figure 4.6(e)). Figure 4.6 (f) shows an EDS spectrum
obtained from the alloy showing x-ray peaks for aluminium, copper and silver and
traces of manganese, titanium and magnesium.

(b)

Solution-treated condition

Optical examination of the alloy showed that the majority of second phase was
dissolved into the aluminium and the dendritic structure was removed, as can be seen
from Figure 4.7. This effect was again produced by etching a polished specimen and
viewing under polarised light to reveal the grain structure. The grain size of the
solution-treated alloy was generally between 100 pm and 300 pm. Image analysis
showed the sample to contain

~1

vol % porosity, but the small intermetallic second

phases were present in quantities less than ~ 1 vol %.
Electron-probe microanalysis revealed that coring of copper across grains was
removed successfully by the solution treatment. Figure 4.8 illustrates this by showing
a secondary electron image of an area of the alloy and the corresponding x-ray line
scan for copper across the area. The electron image shows relatively small regions of
the CuAl2 phase giving corresponding peaks for copper associated with these regions.
The concentration of copper across the area was maintained at a level of
approximately 4 wt %, indicating successful homogenisation of the alloy.
The average composition of the alloy, obtained from ten individual spot
analyses and subsequently from ten area analyses, is given in Table 4.2.
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Concentrations of solute elements such as copper, magnesium and silver were
consistent in all areas of the specimen. The composition of magnesium was
~ 0.3 wt % and that for silver was ~ 0.5 wt %, as expected for a 415 alloy. Thus
results from spot and area analyses correlate well, as would be expected for a
homogeneous sample.
Hardness measurements on the alloy gave an average microhardness of
100.3 ± 3 .2 HV.

(c)

Aged condition

Microhardness data from specimens of alloy aged at two different
temperatures, 140°C and 185°C, are given in Figures 4.9 (a) and (b) respectively. At
the lower ageing temperature the hardness of the alloy appeared to be still rising even
after some 300 hours, with a value of ~ 155 HV achieved in this time. At the higher
ageing temperature, however, the alloy reached a peak hardness of -1 5 0 HV after
just 4 hours. The error bars in each case represent the 95 % confidence limits for ten
measurements on each sample.
Optical microscopy showed that samples of the peak-aged alloy were similar
in appearance to the solution-treated samples, with very little evidence of porosity or
regions of second phase.
Quantitative EPMA using both spot and area measurements gave the average
compositions listed in Table 4.3. The two methods of analysis were again found to be
in very close agreement and similar to the values obtained for the solution-treated
sample, indicating that the specimens maintained their compositional homogeneity
during ageing.
A specimen in the peak-hardness condition (4 hours at 185°C) was examined
in the TEM. Several precipitates were observed existing as thin, square plates
(Figure 4.10 (a)) and varying in length from ~ 5 0 n m to approximately 200 nm.
Figure 4.10 (b) shows the typical microstructure for this sample with the precipitates
viewed edge-on, and the corresponding electron diffraction pattern is given in
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Figure 4.10 (c). Many small spots are observed for the aged specimen indicating the
presence of precipitates on the { 1 0 0 } planes of the aluminium lattice, and the pattern
was indexed (Figure 4.10 (d)) according to the 0' phase.
In some areas of the sample a third edge-on precipitate was seen
(Figure 4.11 (a)), oriented at roughly 45° to the perpendicular precipitates and
thereby indicating the presence of some other phase in addition to 0 ', since

0 1

cannot

appear in all three of the observed directions. The 0' phase appears on the six faces of
the aluminium cube (all of the { 1 0 0 } group of planes), i.e. in three directions.
However, only two of these directions are seen when 0' precipitates are viewed edgeon in the TEM; the third appears in the plane of the foil. Thus, where only 0' is
present, the microstructure consists of two perpendicular sets of edge-on precipitates,
as seen in Figure 4.6 (a). Platelets of the £2 phase may form on {111} planes of the
aluminium lattice (Section 1.7.3). Where both 0' and £2 phases are present three sets
of precipitates may be seen when viewed edge-on, usually comprising two

£2

and one

0'. Thus the presence of three edge-on precipitates in Figure 4.11 (a) is an indication
that both 0 ' and

£2

are present.

Diffraction patterns were obtained from areas containing three sets of edge-on
precipitates (Figure 4.11 (b)), and from these the second precipitated phase was
confirmed to be

£2

lying on the { 1 1 1 } planes of the aluminium lattice, as indexed in

Figure 4.11 (c) according to a hexagonal structure for £2. The £2 precipitates were
seen to be roughly square or octagonal in shape and with dimensions very similar to
those of the 0' phase. The precipitate density in regions where both phases were
present was estimated to be ~

1

x

1020

m *3 for the

£2

phase and ~ 2 x

1020

m " 3 for the

0’ phase. However, both phases were only seen in some areas of the specimen;
elsewhere only the 0 ' phase was found.
Energy dispersive spectroscopy (EDS) was employed in combination with
TEM to observe qualitatively the composition of the specimen. Large peaks were
seen for aluminium and copper, but the peaks corresponding to magnesium and silver
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were small and barely distinguishable from the background radiation (similar to the
spectrum shown in Figure 4.6 (f)).

4.2.2

(a)

Composite with 0.08 Vf Saffil fibres

Cast condition

Polished specimens of the cast 415-0.08 Vf composite cut from the central
portion of the squeeze cast billet (Figure 3.3) were examined in the optical
microscope and the microstructure was as seen in Figure 4.12. The composite
appeared to be well infiltrated, with no evidence of significant fibre displacement or
inter-fibre voids visible to the naked eye. There was little evidence of porosity (less
than 1 vol %, determined by image analysis) and fibre distribution was uniform. Fibre
diameters ranged from ~2 pm to approximately 7 pm in a few cases, but most had
diameters of ~ 3 pm. There was some evidence (~ 4 vol %) of a second phase that
appeared as pale regions around some fibres. This phase was found by EPMA to
contain copper and aluminium in proportions consistent with CuAl^
The grain structure of the composite is shown in Figure 4.13, obtained from
polished, etched surfaces viewed under polarised light The grain size was much
smaller than that observed in the unreinforced alloy and much more equiaxed,
typically only - 50 pm across, and no dendrites were visible.
Quantitative EPMA using spot analysis on the matrix between Saffil fibres
revealed the presence of approximately 3 wt % copper and 0.4 wt % silver, but only
~ 0.1 wt % magnesium was detected. The composition of the cast composite is given

in Table 4.4, and this is the average of twelve spot analyses on different regions of the
matrix. Results show clear discrepancies between the composition of the cast 0.08 Vf
composite and that of the cast unreinforced alloy, particularly for magnesium. As a
result of the small grain size it was difficult to discern whether any coring of solute
elements had occurred across the grains.
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Quantitative EPMA using area scanning mode gave slightly different results,
also shown in Table 4.4. The main difference between area and spot analyses is the
average composition of aluminium, which for spot analysis is ~ 95 wt % but for area
analysis this figure drops to just 77 wt %. The difference is not unexpected since a
proportion of the area analysed would have consisted of fibres as well as matrix, and
the fibres contain not only aluminium but also oxygen and some silicon. This is
supported by the fact that the composition of silicon in the matrix is less than
0 .1

wt % with spot analysis, whilst the silicon composition for areas containing fibres

rises to over

1

wt %.

The average compositions of copper and silver were similar for both spot and
area methods of analysis, but the average for magnesium obtained by area analysis
was slightly higher than that obtained with localised spot analysis. The matrix
magnesium level (0.13 wt %) was also lower than that in the cast unreinforced alloy
(0.22 wt %). Furthermore, the magnesium content over an area of the composite
generally increased as the number of fibres present in the scanned area increased,
implying that magnesium was associated with the fibres. Figure 4.14 is a micrograph
of one area of the 0.08 Vf composite scanned in the electron-probe and found to
contain 0.17 wt % magnesium, with the fibres clearly distinguishable as the darker
regions. The corresponding area per cent fibres was determined by image analysis to
be ~ 40 %. This procedure was performed several times for areas containing different
amounts of fibres, between ~ 10 and 70 area %. The magnesium composition in each
case was then compared with the area % fibres present to give the results shown in
Table 4.5. Values for aluminium, copper and silicon are also given. One can see from
Table 4.5 that the magnesium composition generally increased with the area % fibres.
Meanwhile the aluminium level decreased as the proportion of fibres increased,
reflecting the presence of oxygen in the alumina fibres. Conversely the level of silicon
increased with fibre area because Saffil fibres contain some silica in addition to
alumina, and the copper composition fell slightly with increasing fibre area, indicating
that copper was associated only with the matrix.
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matrix. The only exception to this was the magnesium content which was found to be
less than 0 . 1 wt %.
The composition values obtained from area analyses on the sample are also
given in Table 4.6. There were some noticeable differences between the two analysis
methods. The aluminium level was lower and the silicon level higher for area analysis
than for spot analysis, indicating the presence of fibres containing silica in the area
analysed. Furthermore the composition of magnesium obtained with area analysis was
as high as 0.25 wt %, considerably more than that found in the matrix alone. This
value is also higher than the average value of 0.15 wt % obtained from area analysis
of the cast composite sample.
The average microhardness of the solution-treated composite matrix was
found to be 93.5 ±

(c)

6 .6

HV.

Aged condition

The hardness results for composite aged at 185°C are given in Figure 4.19.
The matrix reached a peak hardness of approximately 111 HV after only 2 hours
ageing, illustrating acceleration of age hardening with respect to the unreinforced
alloy. After seven hours ageing the composite matrix hardness started to fall slightly,
indicating the onset of overageing. The values of the 95 % confidence limits
(represented by the error bars) were generally somewhat higher than those for
unreinforced alloy.
Optical examination of the peak-aged composite showed the microstructure to
be very similar to that of the cast and solution-treated samples, and the ageing process
therefore appeared to have no detrimental effect upon fibre integrity or the
distribution or amount of second phase.
Quantitative EPMA on twelve different matrix spots gave the average
compositions listed in Table 4.7. The levels of solute elements were generally slightly
lower than in the solution-treated condition, and in particular magnesium was barely
detectable. The composition values obtained from area analyses are also given in
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The average microhardness of the composite matrix was found to be
98.9 ±9.1 HV.
A specimen examined in the TEM showed that the matrix contained some
precipitates in regions surrounding Saffil fibres, as illustrated in Figure 4.15 (a). The
precipitates were thin platelets, varying in length from only ~ 50 nm to approximately
500 nm, and were found to lie on two perpendicular directions. Corresponding
electron diffraction patterns obtained from matrix areas (Figure 4.15 (b)) were
indexed (Figure 4.15 (c)) according to the 0’ phase on the {100} planes of the
aluminium lattice. The precipitate density was estimated to be ~ 10 2 On r 3.
Figure 4.15 (d) shows a typical EDS trace obtained from the matrix, with peaks for
aluminium and copper and smaller ones for silver and magnesium. Figure 4.16 (a)
shows a micrograph and corresponding diffraction pattern (Figure 4.16 (b)) obtained
from a Saffil fibre, indicating the presence of fine crystals with diameters of ~ 10 50 nm. EDS on the fibre gave the spectrum shown in Figure 4.16 (c), with peaks for
aluminium, oxygen and silicon.
The interface between fibre and matrix appeared to be clean and free from
interfacial reaction, as seen in Figure 4.17. Dislocations may also be seen extending
into the matrix from the fibres.

(b)

Solution-treated condition

Microstructural examination showed the solution-treated composite to be very
similar to the cast condition, with porosity, grain size and fibre distribution
unchanged. The typical microstructure is shown in Figure 4.18. There were only a few
small areas of second phase (C u A y visible, up to ~ 5 pm in diameter, and these
tended to form on or between fibres. The fibres themselves appeared unchanged by
the solution treatment.
Quantitative EPMA on twelve different 'spots' within the specimen gave the
average compositions listed in Table 4.6. The levels of solute elements were generally
slightly higher than in the cast condition implying successful homogenisation of the
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Table 4.7. The level of silicon is higher for area analysis than spot analysis indicating
the presence of silica-containing fibres within the analysed area. The levels of copper
and silver are reasonably consistent for the two methods, but the value for magnesium
is significantly higher for area analysis (~ 0 . 2 wt %) than for spot analysis
(~

0 .0 1

wt %).
A specimen in the peak-haidness condition (2 hours at 185°C) was examined

in the transmission electron microscope. The observed microstructure (Figure 4.20)
consisted of regions of precipitates analysed to be the

0

f phase lying on the { 1 0 0 }

planes of the aluminium lattice. In matrix areas near fibres there were large numbers
of precipitates and dislocations, and the precipitate density (~

1 0 21

n r 3) was much

higher than that found in the cast condition. Large numbers of dislocations were
observed, particularly in the vicinity of Saffil fibres. No evidence of the Q phase was
found in the aged composite specimen.
Qualitative EDS analysis of the thinned matrix gave spectra as shown in
Figure 4.21, with large peaks for aluminium and copper and smaller peaks for
elements such as silver and manganese. The absence of magnesium in the spectrum is
due to its concentration being at or below the limits of detectability of the system
(~ 0 . 1 wt %).
Interfacial regions were examined closely and some interesting features were
observed. In some regions there was a clearly-distinguishable interfacial layer on the
surface of the Saffil fibres extending up to - 100 nm into the matrix, as illustrated in
Figure 4.22 (a). EDS of this interfacial layer (Figure 4.22 (b)) showed it to contain
aluminium, magnesium and a small amount of silicon, in contrast to traces obtained
from the adjacent matrix (Figure 4.21) in which a peak for magnesium could not be
distinguished. In other regions of the specimen the fibre surface was smooth, but
several small particles had segregated there as shown in Figure 4.23. The irregular
shaped particles were up to ~ 300 nm in diameter and were present only at certain
points on the fibre surface. EDS on these particles showed them to contain only
aluminium and copper, suggesting that the particles consisted of CuAl^
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4.2.3

(a)

Composite with 0.26 Vf Saffil fibres

Cast condition

The composite cut from the bottom of the squeeze cast billet (see Figure 3.3)
appeared to be well infiltrated and uniform, even at the base of the billet where fibre
damage may sometimes occur. Furthermore there was no evidence of fibre
displacement or matrix voids, and the porosity present was determined by image
analysis to occupy less than 1 vol % of the sample. Polished specimens were examined
in the optical microscope and Figure 4.24 illustrates the typical microstructure. Some
small regions (up to ~ 5 pm across) of a second phase were found in areas between
fibres. This phase was found by EPMA to contain copper and aluminium in
proportions consistent with CuA^.
The grain structure of the composite is shown in Figure 4.25, obtained from
polished, etched surfaces viewed under polarised light The grain size was very small,
typically only - 30 pm across, and no dendrites were visible. The fine grain size
present in the composite was maintained in regions of unreinforced matrix, just
outside the edge of the infiltrated fibre preform.
Quantitative spot EPMA of the matrix between Saffil fibres revealed the
presence of approximately 3 wt % copper and 0.4 wt % silver, but only -0 .1 wt %
magnesium on average was detected. The very small grain size rendered it
impracticable to discern whether any coring of solute elements had occurred across
the matrix grains. The composition of the cast composite, given as the average of
twelve spot analyses on different regions of the matrix, is given in the second column
of Table 4.8. The composition values obtained from ten area analyses are given in the
fourth column of Table 4.8. There is reasonably good agreement between the two sets
of results, allowing for variability around the calculated average. The noticeable
exceptions to this are the levels of aluminium, which is lower for area analysis, and of
silicon, which is higher for area analysis, indicating the presence of Saffil fibres in the
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analysed area. The magnesium level was slightly higher when area analysis was used
and, as for the 0.08 Vf composite, the magnesium content over an area generally
increased as the number of fibres present in the scanned area increased.
The average microhardness of the cast composite matrix was found to be
102.5 ± 4.7 HV.
A sample of the composite was examined in the TEM, and the microstructure
was very similar to that observed for the 0.08 Vf composite described earlier. In
regions near fibres (Figure 4.26 (a)) some precipitates were present as thin platelets
up to approximately 300 nm in length. The density of precipitates was ~ 102 0 m '3.
When viewed edge-on the precipitates were seen to form on the {100} planes of the
aluminium lattice, and corresponding electron diffraction patterns (as seen in
Figure 4.15 (b)) were analysed according to the 0' phase. No evidence of the £2 phase
was found in the sample. Dislocations were again observed in regions close to fibres,
generally in higher densities than observed in the 0.08 Vf composite.
Figure 4.26 (a) also shows the appearance of the interface between fibre and
matrix which was generally smooth, but in some areas small (~

100

nm) particles were

found on the surface of the fibres. EDS performed on one such particle
(Figure 4.26 (b)) showed a large peak for aluminium and a smaller peak for copper,
suggesting the presence of CuA12.

(b)

Solution-treated condition

Microstructural examination of the composite (Figure 4.27) showed it to be
very similar to the cast condition, with porosity, grain size and fibre distribution
unchanged. There were only a few small areas of second phase seen, up to ~ 3 pm in
diameter, and these tended to form close to fibres. The fibres themselves appeared to
be unaffected by the solution treatment
Quantitative EPMA on twelve different regions of the composite gave the
average compositions listed in Table 4.9, using both spot and area modes of analysis.
The levels of solute elements were generally slightly higher than in the cast condition.
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The magnesium content was less than 0.1 wt % on average for spot analysis, with
some individual measurements below the limits of detectability of the apparatus. The
composition of magnesium using area analysis, however, was up to ~ 0.15 wt % on
average. The increase in silicon content with area analysis, and the corresponding fall
in aluminium, indicates the presence of fibres containing elements such as silicon and
oxygen in the area scanned. Values for other elements were reasonably consistent for
spot and area methods of analysis.
The average microhardness of the solution-treated composite matrix was
103.0 ± 7.5 HV, similar to that of the cast condition.

(c)

Aged condition

Hardness results for composite aged at 185°C are given in Figure 4.28. The
composite matrix reached a peak hardness of approximately 122 HV after only
2 hours ageing. This again illustrates acceleration of age hardening with respect to the
unreinforced alloy. The values of the 95 % confidence limits (represented by the error
bars) were generally somewhat higher than those for the unreinforced alloy and the
0.08 Vf composite.
Optical examination of peak-aged composite showed that the microstructure
was very similar to that of the cast and solution-treated samples, and the ageing
process appeared to have no effect upon fibre integrity or the distribution or amount
of second phase.
Quantitative EPMA gave the average compositions listed in Table 4.10, using
both spot and area modes of analysis. The levels of solute elements in the peak-aged
composite matrix ('spot' mode) were generally very similar to those obtained from the
solution-treated sample. Results from spot and area analysis generally correlated well
for the peak-aged composite. One exception to this was magnesium, which was barely
detectable using spot analysis but with area analysis the magnesium concentration was
found to be ~ 0.2 wt % on average. The level of silicon was considerably higher for
area analysis, indicating the presence of Saffil fibres in the analysed area.
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A specimen from the peak-hardness condition (2 hours at 185°C) was
examined in the TEM. The matrix microstructure (Figure 4.29 (a)) consisted of
regions of square plate-like precipitates, very similar to those seen in unreinforced
alloy (Figure 4.10 (a)). The precipitates were analysed to be the 0' phase lying on the
{100} planes of the aluminium lattice. The precipitate density in this specimen was
approximately 102 1 n r 3. Large numbers of dislocations were also seen in some areas
(Figure 4.29 (b)), particularly near to the Saffil fibres. No evidence of the Q phase
was found in the peak-aged composite specimen.
Qualitative EDS analysis of the thinned matrix gave spectra similar to that
shown in Figure 4.29 (c), with large peaks for aluminium and copper and a smaller
peak for silver. The absence of magnesium in the trace is due to its concentration
being at or below the limit of detectability of the system (~ 0 . 1 wt %).
Interfacial regions between fibres and matrix were examined closely and were
generally one of two types, as described for the 0.08 Vf composite. In some areas
there was a clearly-distinguishable interfacial layer up to ~ 2 0 0 nm thick around the
fibre (Figure 4.30 (a)), whilst in other regions the fibre surface was generally smooth
but with a few small particles adhering to the fibre, as was shown previously in
Figure 4.23. The 200 nm thick interfacial layer was analysed by EDS (Figure 4.30 (b))
and found to contain aluminium, magnesium and some silicon, as was observed for
the 0.08 Vf composite. The peak for magnesium obtained from this interfacial layer
was clearly visible, in contrast to the EDS trace obtained from the unreinforced matrix
(Figure 4.29 (c)) in which magnesium was indistinguishable from the background
radiation.
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4.3

The 415 alloy system: Mechanical properties

4.3.1

(a)

Unreinforced alloy

Cast condition

The tensile stress-strain curve for one of the cast alloy specimens is given in
Figure 4.31. The specimen exhibited elastic behaviour with some yield before failure.
From this curve the value of elastic (Young's) modulus was determined from the
gradient of the linear portion to be 63 GPa, the 0.1 % proof strength was estimated to
be 205 MPa and the strain to failure was 0.55 %. The other specimens tested gave
similar results, as listed in Table 4.11. (Hereafter only the over-all average values for a
particular set of specimens will be quoted.) From these results the average value of
Young's modulus was calculated to be 70 ±

8

GPa, the average 0.1 % proof strength

was 202 ± 3 MPa, and the average strain to failure was 0.40 ±0.11 %. The variations
represent standard deviations about the average; there were generally insufficient test
specimens to justify the quotation of confidence limits.
Figure 4.32 shows the typical appearance of the fracture surface of alloy
specimens after tensile testing. The surface was typical of ductile failure; pulled
ligaments of alloy were visible across the surface giving a characteristic 'cup and cone'
effect. Some pores and small (~ 10 Jim) matrix cracks were also observed.
The results of 'time of flight' dynamic modulus analysis are given in
Table 4.12. The average dynamic modulus obtained was ~ 77 ± 5 GPa.

(b)

Peak-aged condition

The tensile stress-strain curve for a sample of peak-aged alloy is given in
Figure 4.33, and the test results for this and the other peak-aged alloy specimens are
listed in Table 4.11. The specimens appeared to behave elastically almost until the
point of failure. The average value of tensile elastic modulus was 74 ± 5 GPa and the
average strain to failure was - 0.40 ± 0.18 %. Values of 0.1 % proof strength could
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not be deduced since the specimens failed before significant yielding had occurred.
However the average tensile (failure) strength was 261 ± 115 MPa.
Figure 4.34 shows the appearance of the fracture surface of an alloy specimen.
The surface appeared similar to that in the cast condition, with some areas of yielded
alloy ligaments and small 'cups' visible, but there was also evidence of matrix cracking
and relatively large (~ 20 Jim ) pores, giving a characteristic dimpled effect across the
surface.
An average dynamic modulus value (Table 4.12) of - 7 5 ± 7 GPa was
obtained.

4.3.2

(a)

Composite with 0.08 Vf Saffil fibres

Cast condition

A tensile stress-strain curve for a specimen of the cast composite is given in
Figure 4.35, and individual test results are listed in Table 4.13. The specimens
exhibited continuous yielding with no clear division between elastic and plastic
behaviour. The composite generally had higher modulus, 0.1 % proof stress and strain
to failure than the cast alloy. The average value of elastic modulus was 87 ± 10 GPa,
the average 0.1 % proof stress was 208 ± 1 3 MPa and the average strain to failure
was 0.79 ± 0.16 %.
Figure 4.36 shows the typical appearance of the composite fracture surface
after testing. Fibres had been pulled out of the matrix, with lengths of up to ~ 10 Jim
protruding from the surface (Figure 4.36 (a)). In some cases the matrix around the
fibres had not undergone yield but had cracked in a brittle manner (Figure 4.36 (b)); in
other areas the matrix appeared to be well-attached to the fibres, such that the fibre
cracked rather than debonding from the matrix (Figure 4.36 (c)).
The results of 'time of flight' dynamic modulus analysis are given in
Table 4.14, and the average dynamic modulus obtained was ~ 83 ± 4 GPa.
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(b)

Peak-aged condition

*

A tensile stress-strain curve for the peak-aged composite is given in
Figure 4.37 and the individual test results are listed in Table 4.13. Ageing appeared to
improve the values of

0 .1

% proof stress and the elastic/plastic regimes were more

clearly defined than cast specimens. The average value of tensile elastic modulus was
90 ± 12 GPa, the average 0.1 % proof stress was 312 ± 3 6 MPa and the average
strain to failure of the specimens was 1.03 ± 0.40 %.
Figure 4.38 (a) shows the appearance of the fracture surface of an aged
composite specimen. Fibres may be seen in all directions, indicating the random
orientation of the reinforcement Several failure modes may be identified: in some
regions fibres were cracked or debonded from the matrix and pulled out, leaving holes
and protruding lengths of fibre as seen in Figure 4.38 (b). In a few areas the fibres
appeared to be well-bonded to the matrix, so the matrix yielded around the fibres
(Figure 4.38 (c)). In other regions of the specimen the fibres appeared not to be
bonded to the matrix at all; indeed the matrix contained large (~

100

|im) pores into

which fibres were protruding (Figure 4.38 (d)). A low-magnification view of the
surface shows the extent of cracking through the failed specimen and the rough nature
of the surface caused by protruding fibres (Figure 4.38 (e)).
An average dynamic modulus value (Table 4.14) of - 9 0 ± 3 GPa was
obtained.

4.3.3

(a)

Composite with 0.26 Vf Saffil fibres

Cast condition

A tensile stress-strain curve for a cast composite specimen is given in
Figure 4.39 and the individual test results are listed in Table 4.15. Some specimens
showed a very gradual transition from elastic to plastic behaviour (as shown in
Figure 4.39), while others exhibited no yield. The average value of tensile elastic
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modulus was 95 ±11 GPa, the average 0.1 % proof stress was 221 ± 32 MPa and the
average strain to failure was 0.66 ± 0.34 %.
Figure 4.40 shows the appearance of the fracture surface of a composite
specimen. The surface was similar to that for the 0.08 Vf specimens, with several
failure modes observed and again some matrix pores. Some fibres were pulled out of
the matrix (Figure 4.40 (a)) and had very smooth, clean surfaces. In other areas
matrix was still attached to the fibres following matrix yield, and some fibres were
cracked (Figure 4.40 (b)). Matrix yield was less evident in these specimens than in
unreinforced alloy.
The results

of ’time of flight1 dynamic modulus

analysis are given in

Table 4.16, and an average of ~ 99 ± 5 GPa was obtained.

(b)

Peak-aged condition

A tensile stress-strain curve for a peak-aged composite specimen is given in
Figure 4.41, and the individual test results are listed in Table 4.15. Ageing appeared
to improve significantly the failure stress and strain of the composite, and the
elastic/plastic regions were more clearly distinguished than in the cast condition. The
average value of elastic modulus was 95 ± 16 GPa, the average 0.1 % proof stress
was

265 ± 64 MPa and the average strain to failure

of the specimens was

1.46 ±0.31 %.
Figure 4.42 shows the appearance of the fracture surface of a peak-aged
composite specimen. Many features were observed, as for the cast condition,
including fibre debonding, pull-out from the matrix and some matrix yield
(Figure 4.42 (a)), and cracking of fibres oriented transverse to the applied stress
(Figure 4.42 (b)).
The average dynamic modulus (Table 4.16) was ~ 102 ± 3 GPa.
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4.4

The 2124/Ag alloy system: Microstructure

4.4.1

(a)

Unreinforced alloy

Cast condition

After incorporation of silver into the 2124 alloy the microstructure was as
shown in Figure 4.43. The dendritic structure was typical of a cast alloy, and the
interdendritic second phase was found by EPMA to be G 1AI2 . The second phase
amounted to ~

6

vol % (determined by image analysis), and the alloy also contained

- 3 vol % porosity.
Figure 4.44 is an optical micrograph (obtained using DIC) showing the
microstructure of the alloy cut from the top of the squeeze cast billet (see Figure 3.3).
The structure consisted of dendritic grains and interdendritic CuAl2 second phase.
The grain structure is seen more clearly in Figure 4.45 which was obtained by etching
the polished specimen and viewing under polarised light The grain size varied from
approximately 200 pm to 400 pm, and some larger columnar grains up to -1000 pm
in length were visible at the edges of the specimen. The alloy again contained small
pores amounting to - 3 vol %, determined by image analysis, whilst the interdendritic
phase occupied some 5 % by volume of the specimen.
EPMA revealed the presence of microsegregation of copper within grains, as
illustrated in Figure 4.46 which shows a secondary electron micrograph of a region of
the alloy and the corresponding backscattered image from the same area. The copper
concentration (shown by slightly lighter regions in the backscattered image) was
observed to increase towards the interdendritic second phase. The presence of
microsegregation was confirmed by performing quantitative analysis across areas of
the cast alloy. The copper concentration was found to vary from - 5 wt % near the
interdendritic Q 1AI2 phase to less than

2

w t% at the centre of the dendrites.

Microsegregation of other solute elements was not observed.
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Quantitative EPMA also revealed the presence of approximately 0.8 wt %
magnesium and 0.7 wt % silver, which was distributed evenly throughout the alloy.
The stir casting method used to incorporate silver into the alloy was therefore
successful. Manganese and titanium were detected in quantities less than ~ 0.2 wt %.
The average composition of cast 2124/Ag alloy is given in Table 4.17, obtained firstly
using 'spot' scanning mode and secondly using 'area' scanning mode. By comparing
the results one can see that there is very good agreement between the two methods.
The average microhardness value obtained from indent measurements was
79.6 ± 5 .8 HV.
Specimens were analysed by TEM and Figure 4.47 (a) shows the typical
microstructure. The alloy contained thin, plate-like precipitates generally between
~ 50 nm and 200 nm in length. The precipitates were analysed by electron diffraction
(Figure 4.47 (b)) to be the 0’ phase, G 1AI2 , lying on {100} planes of the aluminium
lattice. The precipitate density was estimated to be ~ 102 0 n r 3, again assuming a foil
thickness of 300 nm. Figure 4.47 (c) shows a grain boundary in the alloy and the
corresponding change in orientation of the precipitates. Figure 4.47 (d) is a typical
EDS spectrum obtained from the cast alloy, showing the presence of aluminium,
copper, magnesium and silver.

(b)

Solution-treated condition

Optical examination showed that the majority of second phase (C uA y was
dissolved into the aluminium during the homogenising treatment, as can be seen from
Figure 4.48 (a). In addition the dendritic structure was removed as shown in
Figure 4.48 (b), produced by etching a polished specimen and viewing under polarised
light The grain size varied between 100 pm and 300 pm. Image analysis showed the
sample to contain approximately

1

vol % porosity, but any regions of second phase

still present after solution-treating were indiscernible.
EPMA revealed that coring of copper across grains was removed successfully
by solution treatment. Figure 4.49 illustrates this by showing the secondary electron
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image of an area of the alloy and the corresponding x-ray line scan for copper across
the same area. The secondary electron image shows only small regions of C11AI2
second phase remaining after the solution treatment, giving correspondingly few
peaks for copper associated with these regions. The concentration of copper across
the area was maintained at a level of approximately 4 wt %, indicating successful
homogenisation of the alloy.
Further EPMA studies yielded compositional data for the alloy as shown in
Table 4.18,

using

individual spot

analysis

and

subsequently

area

analysis.

Concentrations of copper, magnesium and silver were consistent in all areas of the
specimen and higher than values for the cast alloy. The composition of copper was
- 3.5 wt %, that for magnesium was ~ 1.3 wt % and that for silver was ~ 1.0 wt %.
Results obtained from spot and area analyses were in close agreement, indicating that
the sample was homogeneous.
An average microhardness number of 130.4 ± 2.5 HV was obtained.

(c)

Aged condition

Hardness measurements on alloy aged at 185°C gave the results shown in
Figure 4.50. The error bars represent the 95 % confidence limits for ten measurements
on each sample: for this alloy the results were very consistent, so the error bars are
correspondingly short. The maximum hardness achieved by the alloy was ~ 165 after
7 hours at 185°C. After peak hardness had been achieved the hardness fell only
slightly.
Peak-aged specimens were examined in the optical microscope and were
similar in appearance to the solution-treated samples, with very little evidence of
porosity or regions of second phase.
Quantitative EPMA using both spot and area analyses gave the alloy
compositions shown in Table 4.19. The two methods of analysis were again found to
be in close agreement and similar to the values obtained for the solution-treated alloy.
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A specimen from the peak* hardness condition (7 hours at 185°C) was
examined in the transmission electron microscope. The microstructure consisted of
many thin, square precipitates varying in length from - 50 nm to approximately
200 nm. Figure 4.51 shows the typical microstructure and the corresponding electron
diffraction pattern. Three sets of edge-on precipitates could be distinguished,
indicating the presence of both 0' and Q phases. The small spots observed in the
diffraction pattern indicate the presence of precipitates on the { 1 0 0 } planes of the
aluminium lattice, and the pattern was indexed according to the 0 f phase.
The three sets of edge-on precipitates are more clearly seen in Figure 4.52 (a),
obtained from another region of the thinned alloy. The corresponding electron
diffraction pattern is given (Figure 4.52 (b)), but the streaking seen in the microscope
and on the negative is not visible on the print. The position of some of the streaks is
therefore shown on the indexed pattern (Figure 4.52 (c)). The Q. precipitates were
seen to be similar in shape and dimensions to the 0’ phase, and the precipitate density
was estimated to be -

5

x

102 0

m - 3 for the Q phase and approximately

1

x

1020

n r3

for the 0' phase. Most areas of the specimen contained all three sets of edge-on
precipitates (and thus both Q. and 0' phases), in contrast to the 415 alloy specimen.
A typical EDS spectrum showing qualitatively the composition of the thinned
alloy specimen is given in Figure 4.53. Large peaks were seen for aluminium and
copper, and peaks corresponding to magnesium and silver were also observed.

4.4.2

(a)

Composite with 0.08 Vf Saffil fibres

Cast condition

Polished specimens of composite cut from the central portion of the squeeze
cast billet (see Figure 3.3) were examined in the optical microscope and the typical
microstructure was as seen in Figure 4.54. The composite appeared to be wellinfiltrated and uniform, with no evidence of fibre displacement or inter-fibre voids
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visible to the naked eye. Fibre diameters varied from - 2 Jim to ~ 6 Jim, with a mean
value of ~ 3 pm. There was little evidence of porosity (less than 1 vol %, determined
by image analysis) and fibre distribution was uniform. There was, however, some
evidence of a second phase that appeared as greyish regions, up to ~ 4 p m in
diameter, around some fibres. This phase occupied ~

6

vol % and was found by

EPMA to contain copper and aluminium in proportions consistent with CuAl^
The grain structure of the cast composite sample is shown in Figure 4.55,
obtained from polished, etched surfaces viewed under polarised light The grain size
was much smaller than that observed in unreinforced alloy and more equiaxed,
typically only ~ 50-100 pm across, with no dendrites visible. As a result of the small
grain size it was difficult to discern whether any coring of solute elements had
occurred across the matrix grains.
The results from quantitative EPMA using spot and area analyses are given in
Table 4.20. EPMA using spot analysis revealed the presence of approximately 2 wt %
copper, 0.8 wt % magnesium and 0.7 wt % silver in the matrix. Area analysis gave
very similar results, the main difference being an increase in the amount of silicon
present in the areas analysed. This indicates the presence of silica-containing fibres in
the scanned area.
The average microhardness value obtained was 105.5 ± 5.8 HV, considerably
higher than for cast unreinforced alloy.
Specimens were analysed by transmission electron microscopy. The matrix
was observed to contain precipitates as illustrated in Figure 4.56 (a), particularly in
regions surrounding Saffil fibres. The precipitates were very similar in appearance to
those already seen for the cast unreinforced alloy: they were roughly square in shape,
with lengths of generally ~ 100 - 200 nm. The diffraction pattern obtained from the
composite matrix was as shown for the unreinforced alloy (Figure 4.47 (b)), indicating
the 0' phase lying on the {100} planes of the aluminium lattice. The precipitate density
was estimated to be approximately

10 21

m-3, higher than that in the cast unreinforced
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alloy. Figure 4.56 (b) shows an EDS spectrum obtained from a region of matrix with
aluminium, copper, magnesium and silver all present
The Saffil fibres themselves appeared the same as those for the 415-0.08 Vf
composite discussed earlier (Figure 4.16) and the fibre-matrix interface was smooth,
as may be seen in Figure 4.56 (c). Also in this micrograph dislocations may be seen
extending from the interface into the matrix.

(b)

Solution-treated condition

Optical examination (Figure 4.57) showed that the microstructure was very
similar to the cast condition, but that the regions of second phase were much smaller
after solution treatment. The extent of homogenisation can be seen in unreinforced
areas (to the right of the micrograph) where there is almost no second phase.
Quantitative EPMA from spot and area analyses gave the average
compositions listed in Table 4.21. The levels of solute elements were generally higher
than those in the cast condition (spot analysis); the only exception to this was the level
of magnesium which fell slightly after solution treatment. The results from spot and
area analysis correlate well for elements such as copper (4 wt %) and silver (1 wt %),
but the value for magnesium obtained by area analysis ( 1 . 1 wt %) is almost twice that
obtained by spot analysis on the matrix (~ 0 . 6 wt %).
The average microhardness of the solution-treated composite matrix was
found to be 118.1 ± 9 .2 HV.

(c)

Aged condition

The hardness results for composite aged at 185°C are given in Figure 4.58.
The matrix reached a peak hardness of approximately 168 after only 4 hours ageing.
This peak hardness was slightly higher than that obtained with unreinforced alloy, and
the time taken to achieve peak hardness was less for the composite. The values of the
95 % confidence limits (represented by the error bars) for 0.08 Vf composite were

generally somewhat higher than those for unreinforced alloy.
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Optical examination of peak-aged specimens showed that the microstructure
was very similar to that of the cast and solution-treated samples, and the ageing
process appeared to have no effect upon fibre integrity or the amount of second
phase.
Quantitative EPMA using spot analysis gave the composition shown in
Table 4.22. The values were very similar to those obtained from the solution-treated
specimen, with ~ 4 wt % copper, ~ 1 wt % silver and only ~ 0.7 wt % magnesium.
However the composition of magnesium with area analysis (also shown in Table 4.22)
was ~1.2 wt %, almost twice that found by localised spot analysis on the matrix. The
silicon content was also higher for area analysis, indicating the presence of silicacontaining fibres in the area analysed. The results from spot and area analysis agreed
well for other elements present
A specimen from the peak-hardness condition (4 hours at 185°C) was
examined in the TEM. The matrix microstructure consisted of many precipitates
oriented in a number of directions (Figure 4.59 (a)). The precipitates were particularly
evident near Saffil fibres, as seen in the micrograph. A higher magnification view of
the same area (Figure 4.59 (b)) shows some of the precipitates in the plane of the
micrograph to be roughly hexagonal, while those viewed edge-on appear on three
different directions, indicating the presence of both

0

' and Q phases on {1 0 0 } and

{111} planes of the aluminium lattice respectively. These three sets of edge-on
precipitates were observed in several regions across the specimen, including the
matrix area shown in Figure 4.60 where precipitates may be seen decorating a grain
boundary. The total density of precipitates was estimated to be ~ 102 2 n r 3, but there
was approximately twice as much Q as 0 '.
The fibre-matrix interface appeared in some areas to consist of a layer of
material at least 100 nm thick (Figure 4.61 (a)), which in some cases linked adjacent
fibres together. EDS on this interfacial layer showed the presence of aluminium,
copper, oxygen, silicon and magnesium, as shown in Figure 4.61 (b) which is a typical
EDS spectrum from such regions. In contrast, EDS spectra obtained from matrix
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areas away from fibres (Figure 4.62) showed peaks for aluminium, copper, silver and
a smaller peak for magnesium. In other areas the fibre-matrix interface was smoother
and more easily defined, with some precipitates lying near the fibre surface. This latter
type of interface is shown in Figure 4.63.

4.4.3

(a)

Composite with 0.26 Vf Saffil fibres

Cast condition

Optical examination of the composite cut from the bottom of the squeeze cast
billet (Figure 3.3) showed it to be well-infiltrated and uniform, as may be seen in
Figure 4.64. There was no evidence of significant fibre displacement or inter-fibre
voids, and the porosity present was determined by image analysis to occupy less than
1 vol % of the sample. Some small regions (up to ~ 5 pm across) of second phase
were found in areas between fibres. This phase was found by EPMA to contain
copper and aluminium in amounts consistent with CuA^.
The grain structure of the cast composite is shown in Figure 4.65, obtained
from polished, etched surfaces viewed under polarised light The grain size was much
smaller than that observed in either the unreinforced alloy or the 0.08 Vf composite
with grains typically only - 30 pm across, and no dendrites were visible.
Quantitative 'spot' EPMA on the matrix between Saffil fibres revealed the
presence of approximately 2 wt % copper and 0.9 wt % silver, but only ~ 0.3 wt %
magnesium on average was detected, in contrast to ~ 0.8 wt % for the 0.08 Vf
composite. The average matrix composition is given in the second column of
Table 4.23. The very small grain size rendered it impracticable to discern whether any
coring of solute elements had occurred across the matrix grains.
The composition values obtained from area analyses are given in the fourth
column of Table 4.23. There is reasonably good agreement between the two sets of
composition results, allowing for variability around the calculated average. The
exceptions to this are the levels of aluminium, which is lower for area analysis, and of
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silicon, which is higher for area analysis, indicating the presence of Saffil fibres in the
analysed area. Moreover the amount of magnesium is ~ 1 wt % on average for area
analysis, a factor of three more than the value obtained from localised spot analysis on
the matrix.
Furthermore, the magnesium content over an area of the composite was
generally higher where there were more fibres present. To illustrate this point, Figure
4.66 is a micrograph of one area of the 2124/Ag-0.26 Vf composite scanned in the
electron-probe and found to contain 0.74 wt % magnesium, with the fibres clearly
distinguishable as the darker regions. The corresponding area per cent fibres was
determined by image analysis to be ~ 60 %. This procedure was performed several
times for areas containing different amounts of fibres, between ~ 10 and 70 area per
cent. The magnesium composition in each case was then compared with the area per
cent fibres present to give the results shown in Table 4.24. From this table one can see
that the magnesium content generally increases with increase in the area per cent
fibres in the scanned region. The values for aluminium, copper and silver in areas of
the 2124/Ag-0.26 Vf composite are also given in Table 4.24. The aluminium level
decreases as the proportion of fibres increases, reflecting the presence of oxygen in
the alumina fibres. Conversely the level of silicon increases with fibre area because
Saffil fibres contain some silica in addition to alumina, and the copper composition
falls slightly with increasing fibre area, indicating the fact that copper is associated
only with the matrix. Thus magnesium is the only matrix solute element whose
composition increases with the proportion of fibres present in the scanned area.
As a consequence of the recurring problem of magnesium depletion in the
2124/Ag materials, electron-probe microanalysis was performed on a section of the
cast billet covering all three materials: unreinforced alloy, 0.08 Vf composite and
0.26 Vf composite. An x-ray line scan for magnesium was carried out by using spot
analysis on a 20 mm-thick section of the billet, with a total of - 300 spot
measurements made. The resulting spectrum is shown in Figure 4.67. In the region
corresponding to unreinforced alloy the magnesium count was - 1000. In the next
95

region (0.08 Vf composite) the magnesium count was more erratic but still ~ 1000.
However, in the final region corresponding to 0.26 Vf composite the magnesium
count was significantly lower, only ~ 850 on average. This correlates with the reduced
quantitative EPMA result (spot mode) observed in the matrix of this material.
The average microhardness of the cast composite matrix was determined to be
98.9 ±4.1 HV.
A sample was examined in the TEM and the matrix microstructure was very
similar to that observed for 0.08 Vf composite described in Section 4.4.2 (a).
Precipitates were present as thin platelets up to approximately 200 nm in length
(Figure 4.68 (a)). When viewed edge-on the precipitates were seen to form on three
directions, including the

0

' phase on the { 1 0 0 } planes of the aluminium lattice and

another precipitate on {111} planes, probably Q. The density of precipitates was
~ 1021 n r 3 and the proportions of 0 1 and Q were approximately equal. Dislocations

were observed in regions close to fibres, as shown in Figure 4.68 (b) which shows a
helical spring-like dislocation surrounded by precipitates. Figure 4.68 (c) shows a
typical EDS spectrum obtained from the matrix of the cast composite, with peaks for
aluminium, copper, silver and magnesium.
Figure 4.68 (d) shows the interface between fibre and matrix which was
generally smooth, but with some precipitates lying on the surface of the fibres and in
some areas forming a thin (~ 50 nm) layer. EDS performed on this layer gave peaks
for aluminium and copper.

(b)

Solution-treated condition

Microstructural examination (Figure 4.69) showed the solution-treated
specimens to be very similar to the cast condition, with porosity, grain size and fibre
distribution unchanged. There were still small areas of second phase present, up to
~

8

pm in diameter, and these tended to form close to fibres, particularly at the edge

of the preform (the centre of the micrograph). The fibres themselves appeared to be
unaffected by the solution treatment
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Quantitative EPMA on matrix spots gave the average compositions listed in
Table 4.25, with ~ 3.5 wt % copper, ~ 1 wt % silver and ~ 1 wt % silicon. The levels
of solute elements were generally slightly higher than in the cast condition implying
successful homogenisation of the matrix. The only exception to this was magnesium:
the solution-treated matrix magnesium content was less than

0 .1

wt %, whereas that

for the cast condition was ~ 0.3 wt %. The results of quantitative area analysis are
also given in Table 4.25. The composition of magnesium obtained by area analysis
(including fibres) was ~ 0.7 wt %, considerably higher than that obtained by spot
analysis on the matrix. Values for other elements were reasonably consistent for spot
and area methods of analysis, apart from the levels of aluminium and silicon which
again indicate the presence of Saffil fibres within the scanned area.
The average microhardness of the solution-treated composite matrix was
110.5 ± 4.6 HV.

(c)

Aged condition

The hardness results for composite aged at 185°C are given in Figure 4.70.
The matrix reached a peak hardness of approximately 149 after only 2 hours ageing.
This illustrates acceleration of age hardening with respect to the unreinforced alloy
and the 0.08 Vf composite. The peak hardness reached with the 0.26 Vf composite
was, however, lower than that obtained with either of the other materials in the
2124/Ag system. The values of the 95 % confidence limits (represented by the error
bars) were generally somewhat higher than those for the unreinforced alloy and the
0.08 Vf composite.
Optical examination of peak-aged specimens showed that the microstructure
was very similar to that of the cast and solution-treated samples, and the ageing
process had no discernible effect upon fibre integrity or the distribution or amount of
second phase.
Quantitative EPMA using spot and area analysis gave the average
compositions listed in Table 4.26. The levels of solute elements were generally very
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similar to those obtained from the solution-treated sample. The exceptions to this
were the levels of silicon, which was significandy higher in the peak-aged condition,
and of magnesium, which was barely detectable in the peak-aged sample. Generally
the results from spot and area analysis were in good agreement. However once again
magnesium was the exception: it was barely detectable with spot analysis of the
matrix but, with analysis over areas including fibres, the average magnesium
concentration was - 0.8 wt %. This again suggests that magnesium is associated with
the fibres.
A specimen from the peak hardness condition (2 hours at 185°C) was
examined in the TEM. The microstructure (Figure 4.71 (a)) consisted of many thin,
plate-like precipitates in the matrix, particularly near and around the Saffil fibres,
oriented in three different directions. At higher magnifications the matrix appeared, in
some regions, similar to that of unreinforced 2124/Ag alloy seen in Figure 4.52,
indicating the presence of the 0 ’ phase on { 1 0 0 } planes of the aluminium lattice and
another phase on {111} planes, possibly Q. However, the precipitates on {111}
planes were significantly larger (up to ~

1

|im long) in the composite matrix than in

unreinforced alloy. The precipitate density was very much higher than that observed in
any of the other specimens, and was estimated to be - 5 x 102 2 m - 3 in some areas,
with approximately twice as much Q phase as 0’. Large numbers of dislocations were
also seen, particularly near to the Saffil fibres as shown in Figure 4.71 (b).
Interfacial regions between fibres and matrix were examined closely. Most of
the thinned fibres seen in the specimen appeared to be almost completely surrounded
by particles. Figure 4.72 (a) shows the end of a Saffil fibre with several particles, up
to ~ 1 Jim thick, all along its surface. The particles were analysed by EDS
(Figure 4.72 (b)) and found to contain aluminium, magnesium and some silicon, in
contrast to the matrix away from fibres which gave EDS spectra like those for the cast
condition shown in Figure 4.68 (c), with peaks for aluminium, copper, silver, and a
relatively small peak for magnesium.
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4.5

The 2124/Ag alloy system: Mechanical properties

4.5.1

(a)

Unreinforced alloy

Cast condition

The tensile stress-strain curve for one of the cast alloy specimens is given in
Figure 4.73 and individual test results are listed in Table 4.27. The alloy showed a
clear division between elastic and plastic behaviour and a relatively large region of
plastic yield. The average value of tensile elastic modulus was 77 ±11 GPa, the
average 0.1 % proof stress was 220 ± 34 MPa and the average strain to failure was
0.99 ± 0.53 %.
Figure 4.74 (a) shows the appearance of the fracture surface of cast specimens
after tensile testing. The surface was very typical of a ductile failure with a mottled
appearance. On a finer scale the surface appeared to be 'stepped', indicating yield of
the alloy (Figure 4.74 (b)). In some areas characteristic cups and cones were
observed, along with a few matrix cracks up to ~ 10 Jim in length (Figure 4.74 (c)).
The results of 'time of flight' dynamic modulus analysis are given in
Table 4.28. The average dynamic modulus was ~ 75 ± 4 GPa.

(b)

Peak-aged condition

A tensile stress-strain curve for one of the alloy specimens is given in
Figure 4.75 and the test results for this and the other specimens are listed in
Table 4.27. A similar tensile response was observed in all specimens: the
elastic/plastic transition was very clearly defined, significant yielding occurred, and the
average

0 .1

% proof stress was significantly higher than that for the cast condition.

The average value of tensile elastic modulus was 65 ±

6

GPa, the average 0.1 % proof

stress was 388 ± 95 MPa and the average strain to failure was1.20 ± 0.66 %.
Figure 4.76 shows the fracture surface of aspecimen aftertensile testing.
Once again the surface was very typical of a ductile failure. Regions of yielded alloy
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and the 'cup and cone' texture were evident in all areas (Figures 4.76 (a) and (b)) and
a few cracks were visible (Figure 4.76 (b)).
The average dynamic modulus (Table 4.28) was ~ 75 ± 4 GPa.

4.5.2

(a)

Composite with 0.08 Vf Saffil fibres

Cast condition

The tensile stress-strain curve for one composite specimen is given in
Figure 4.77 and the individual test results are listed in Table 4.29. The specimens
exhibited a fairly short elastic region followed by plastic behaviour up to failure, and
the composite specimens sustained higher peak stresses and had higher moduli than
the unreinforced alloy. The average tensile elastic modulus was 97 ± 5 GPa, the
average 0.1 % proof stress was 248 ± 9 MPa and the average strain to failure was
0.67 ± 0.12 %, somewhat less than that for the unreinforced alloy.
Figure 4.78 shows the fracture surface of a cast composite specimen. The
matrix showed a structure similar to that of the unreinforced alloy, as illustrated in
Figure 4.78 (a) which shows yielded (’cup and cone1) matrixsurroundinga pulled-out
fibre. In some areas fibres oriented transverseto theapplied load had cracked and
started to debond from the matrix (Figure 4.78 (b)). In other areas fibres appeared to
be well-bonded to the matrix (Figure 4.78 (c)), and matrix cracking was seen.
The results of dynamic modulus analysis are given in Table 4.30, and the
average value obtained was ~ 81 ±

(b)

6

GPa.

Peak-aged condition

A tensile stress-strain curve for one of the peak-aged composite specimens is
given in Figure 4.79 and the individual test results are listed in Table 4.29. The curves
generally showed elastic behaviour up to failure and therefore values of

0 .1

% proof

stress could not be deduced. Ageing appeared to enhance significantly the peak stress
sustained by the composite. The average tensile elastic modulus was 85 ±
100

8

GPa and

the average strain to failure was 0.53'± 0.03 %. The average tensile (failure) strength
was 435 ± 53 MPa.
Figure 4.80 shows the fracture surface of a specimen after tensile testing.
Yielded areas of matrix were observed around some fibres, as shown in
Figure 4.80 (a) which also shows a fibre with a crack running across its diameter.
There were areas where the matrix was well-bonded to the fibres, causing matrix
cracking around fibres (Figure 4.80 (b)), and other areas where the fibres had
debonded from the matrix and started to pull out (Figure 4.80 (c)).
The average dynamic modulus (Table 4.30) was - 79 ± 1 GPa.

4.5.3

(a)

Composite with 0.26 Vf Saffil fibres

Cast condition

The tensile stress-strain curve for one specimen is given in Figure 4.81 and
individual test results are listed in Table 4.31. The specimens showed a very gradual
elastic/plastic transition, and the values of 0 . 1 % proof stress were similar to those for
unreinforced alloy. The average value of tensile elastic modulus was 94 ± 5 GPa, the
average 0.1 % proof stress was 217 ± 25 MPa and the average strain to failure was
0.38 ± 0 . 1 8 % , less than that for both the unreinforced alloy and the 0.08 Vf

composite.
Figure 4.82 shows the fracture surface of a composite specimen after tensile
testing. Once again there were many different features observed, as may be seen in
Figure 4.82 (a). These included cracking of fibres and matrix yield, both of which are
illustrated in Figure 4.82 (b); fibre-matrix debonding and pull-out, as seen by the dark
holes in Figure 4.82 (c); and brittle regions where the matrix around fibres had
cracked in several places (Figure 4.82 (d)). Figure 4.82 (e) is a lower-magnification
view of the surface showing a crack propagating through the composite transverse to
the applied load.
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The results of dynamic modulus analysis are given in Table 4.32, and the
average value obtained was ~ 100 ± 7 GPa.

(b)

Peak-aged condition

A tensile stress-strain curve for one specimen is given in Figure 4.83 and
individual test results are listed in Table 4.31. The tensile response was very
consistent in all specimens: ageing appeared to enhance the peak stress sustained by
the composite, the elastic/plastic transition was defined more clearly, but the strain to
failure was generally lower than that of the cast specimens. The average tensile elastic
modulus was 98 ± 16 GPa, the average 0.1 % proof stress was 259 ± 34 MPa and the
average strain to failure was 0.42 ± 0.11 %.
Figure 4.84 shows the fracture surface of a specimen. The surface was very
similar to that observed in the cast condition, with various failure modes in evidence.
Figure 4.84 (a) shows matrix yield around several fibres, some of which are wellbonded to the matrix and others which have debonded or started to crack.
Figure 4.84 (b) shows an area where fibres are generally well-bonded to the matrix
thus causing the matrix to yield around them, while to the far right of the picture a
fibre is seen debonding from the matrix. The aged specimen showed very little
evidence of fibre pull-out
The average dynamic modulus (Table 4.32) was - 97 ± 5 GPa.
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5.

Discussion

In this study four Saffil fibre-reinforced aluminium-based composites have
been investigated, comprising two matrix alloys and two fibre volume fractions. This
chapter addresses, firstly, the processing of the composites with reference to the liquid
metal infiltration route, segregation effects and post-infiltration heat treatments.
Subsequently, the mechanical properties of the four composite systems are discussed.

5.1

Processing the composites

5.1.1

Liquid metal infiltration

Infiltration of the 0.08 Vf Saffil fibre preforms by molten 415 alloy occurred
without significant disturbance of fibres, as deduced by comparing the composite
microstructure (Figure 4.12) with that of the Saffil fibres prior to infiltration
(Figure 3.2). All regions of the preform were penetrated by metal and very little
porosity was observed between fibres. Although there were some regions where fibres
were packed closely, this did not appear to hinder infiltration of metal. Some fibres
were clearly touching, as shown in Figure 4.12. The pressure applied towards the end
of the infiltration process was not sufficiently high to cause fibre damage, and
probably helped to close some of the pores between fibres. In contrast, the
unreinforced alloy (situated at the top of the billet, Figure 3.3) had not been
consolidated sufficiently and contained more porosity. The liquid metal appeared to
wet the fibres sufficiently to give intimate contact at the interface, and it is considered
that this was due to the presence of magnesium in the alloy. There are many reports
[14, 27, 36, 63] indicating that wetting of alumina reinforcement by aluminium alloys

is improved by the addition of lithium or magnesium to the alloy because these
elements reduce the surface energy of the metal. In fact, magnesium may interact with

the fibres resulting in the formation of MgO [17] or MgA^C^ [56, 63], although in
the present work there was no evidence of a reaction zone at the interface of the
composite. It is, however, possible that such a reaction may have occurred on a very
small scale, e.g. to a depth of a few atomic layers as reported in similar work [14, 27],
but the analysis technique used here failed to detect its presence.
The 0.26 Vf Saffil preform was also well infiltrated by the 415 alloy with few
inter-fibre voids and a uniform distribution of fibres, although some fibres were clearly
touching (Figure 4.24). All regions of the preform were penetrated, despite the
relatively high fibre volume fraction, and there was no evidence of fibre damage or of
a reaction zone.
The 2124/Ag alloy infiltrated the 0.08 Vf and 0.26 Vf preforms well and
uniformly. The higher magnesium content, compared with the 415 matrix, probably
contributed to contact between matrix and fibres, but again no evidence was obtained
of reaction products at the fibre-matrix interface. We may, therefore, conclude that
the different compositions of the two matrices had no discernible effect upon
infiltration of the fibres and that use of the higher fibre volume fraction (0.26 Vf) did
not adversely affect infiltration.

5.1.2

Segregation effects in the cast composites

The smaller grain size of the 415-0.08 Vf Saffil composite matrix, ~ 50 |im
compared with 100-500 (im for the unreinforced alloy, is attributable to the presence
of fibres and, as expected, grain refinement was greater in the composite with the
higher fibre volume fraction (0.26 Vf). The effect may be explained as follows. When,
after infiltration of the fibres, molten metal begins to cool and solidify in the die,
nuclei form and dendrites begin to grow. If the fibre separation is smaller than the
dendrite arm spacing of the matrix, nucleating dendrites will be restricted by the fibres
rather than by other dendrites, and the resultant matrix grains will be smaller than
those in the unreinforced alloy. Thus with a higher volume fraction of fibres the fibre
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separation will be smaller and the grain size will be reduced further. It has been
argued that grain refinement is one of the ways in which fibres help to improve the
mechanical performance of the composite matrix [46], since smaller grains give rise to
a higher density of dislocation pile-ups at grain boundaries when a load is applied to
the material. However, grain refinement is not always observed in composite matrices,
as discussed by Mortensen and Jin in a recent review of the solidification of MMCs
[141], since the microstructure depends not only upon the distribution of the
reinforcement but also upon the flow of heat through the metal matrix. Thus if
reinforcement restricts the flow of heat through the metal, nucleation will be slowed
and the grain size of the matrix will be larger than that of the corresponding
unreinforced alloy.
The 415 composite matrices were equiaxed, in contrast to the dendritic
morphology which characterised cast unreinforced alloy, and this is due to
coalescence of dendrite arms in the composite matrix, as discussed by Battle [142].
The dendrite arms may combine before solidification is complete and, provided that
there is sufficient time for this, a non-dendritic equiaxed matrix microstructure results.
The higher fibre volume fraction (0.26 Vf) led not only to smaller grains but also to
greater uniformity of grain shape and size. The 2124/Ag composites gave similar
results, with non-dendritic grains and a grain size which was smaller at higher Vf.
Grain-refinement effects were evident in the microhardnesses of the composite
matrices, which increased with increase in Vf and hence with decrease in grain size. It
was also noted that the 2124/Ag composites gave a higher matrix hardness, due to the
higher solute content contributing to a greater resistance to dislocation motion.
The 415-0.08 Vf Saffil composite contained regions of G 1AI2 phase, notably
around fibres, but it was not possible to detect microsegregation (coring) of copper
because of the very small grain size. Coring was, however, more apparent in
unreinforced alloy with its larger grain size. Such coring is typical of cast aluminium
alloys containing above ~ 2.5 wt % copper, and may be explained as follows. During
solidification of the metal, nucleating grains impinge upon one another and create
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grain boundaries. As this occurs, solute is pushed ahead of the melt front into the last
regions of the metal to solidify, which are those regions where grains meet
Consequently, higher levels of copper are present here. Furthermore, in the
composites, fibres may be surrounded by the last phases of the matrix to solidify, i.e.
those with high concentrations of solute elements such as copper. The 0.26 Vf
composite matrix also contained regions of CuAl2 phase, but this occurred on a finer
scale due to the smaller fibre separation and grain size associated with the higher fibre
volume fraction. The higher Vf did not result in any other differences in the
distribution of second phases.
The 2124/Ag composites contained Q 1AI2 phase in slightly greater amounts
than 415 composites, due to the higher solute content of the 2124/Ag matrix, but no
other elements were present in the intermetallic phase. Copper coring was probably
present in both the 0.08 Vf and 0.26 Vf composites, since it was found in the
unreinforced alloy but, again, it could not be detected. The composite of higher Vf
appeared to contain slightly more G 1AI2 phase around fibres, but there were no other
discernible differences between the 0.08 Vf and 0.26 Vf composites.
The presence of Saffil fibres was associated with a change in composition of
the 415 alloy matrix, the amount of magnesium detected being significantly lower in
the composites (0.13 wt % and 0.10 wt % for 0.08 Vf and 0.26 Vf respectively) than
in unreinforced alloy (see Table 5.1 for a summary of data). The composition of other
matrix elements such as copper, silver and manganese was, however, unchanged.
There are several possible explanations for the reduction in magnesium content. The
possibility that it might be associated with differences in the amount of magnesiumcontaining phases can be discounted since none were observed in the composites.
Furthermore, the difference could not be attributed to inconsistent processing
conditions since all three materials in the billet had been cast simultaneously. Surface
evaporation of magnesium during processing, as observed by Lea and Molinari [143]
in their work on Al-Mg alloys, is also unlikely because the material at the top of the
billet (the unreinforced alloy) would be the most susceptible to evaporation. Indeed
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bulk analysis using EPMA on areas encompassing fibres and matrix showed that
magnesium compositions were in close agreement for composites and unreinforced
alloy. This leads to the conclusion that the magnesium lost from the matrix of the
composites had segregated to the fibres, as was confirmed by EDS studies in the
TEM (Figure 4.22 (b)), in accord with reports on similar aluminium-based systems
[49, 58, 59, 63]. It also follows that the extent of segregation would be greater for the
higher fibre volume fraction, as was observed by EDS studies whereby a larger peak
for magnesium was found at the fibre-matrix interface of the higher Vf composite
(Figure 4.30 (b)). The hypothesis that magnesium had segregated to the fibres was
also supported by EPMA 'area' analysis (Tables 4.5 and 4.24), which showed that the
magnesium content in areas containing fibres increased with the proportion of fibres
present.
Interfacial reactions between magnesium and alumina reinforcements may take
many forms [51, 58, 63, 99, 144], and are often due to the fact that magnesium has a
greater affinity for oxygen than aluminium, as shown in the Ellingham diagram in
Figure 5.1. Some of the most common reactions lead to the formation of a spinel
phase or an oxide, as shown below:
3 Mg + 4 A12 0 3 => 2 A1 + 3 MgAl2 0 4
3 Mg + A12 0 3 => 2 A1 + 3 Mg O

[99].

The free energy changes for these reactions are negative [63] which indicates that, at
typical composite processing temperatures (~ 800 - 900°C), both reactions are
favoured thermodynamically. The presence of magnesium in the interfacial regions of
composites in this study suggests that at least one of the above reactions may have
occurred to some extent during composite manufacture.
The presence of silica, Si02, in the Saffil preforms, both in the fibres
themselves and also in the binder linking fibres together [53], increases the number of
possible fibre-matrix interactions which may occur. The binder is particularly
important inthe case of Saffil preforms containing a higher volume fraction of fibres,
since in such cases agreater proportion of silica
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binder is employed. For example,

Le Petitcorps et al [58] have remarked that silicon may diffuse from the Saffil fibres
into the aluminium solid solution via one or more of the following reactions:
3 S i0 2 + 4 Al =* 2 A12 0 3 + 3 Si
2 Mg + SiC> 2 => 2 MgO + Si
Mg + 2 Al + 2 SiC>2 =* MgAl204 + 2 Si.
The tendency for the second reaction to occur is particularly strong because the free
energy change is highly negative [144]. The presence of some silicon at the fibrematrix interface of both of the 415-Saffil composites in this study would appear to
confirm the diffusion of silicon from the Saffil fibres and towards the magnesium
situated at the interface, similar to results found by Fishkis [59]. However, no direct
evidence of an interfacial reaction product such as MgO or MgAl2 0 4 was found in
the 415-type composites. It is thus proposed that magnesium diffused into the Saffil
fibres to a limited depth and that, although some subsequent reaction may not be
completely ruled out, the amount of spinel or magnesia formed may have been too
small to detect with the TEM. In support of this hypothesis, Hallstedt et al [144] have
found that, during infiltration of a Saffil preform by liquid magnesium, a layer of spinel
with a thickness of ~ 2 nm could form; Cappleman et al [98] have suggested that
magnesium diffuses into the surfaces of Saffil fibres to a limited depth of - 1 nm; and
Clyne and Watson [90] have reported that magnesium penetrates the Saffil fibres to a
depth of a few nanometres, corresponding to a silica-enriched layer. In the current
study the extent of magnesium segregation to the fibres was greater in the higher Vf
composite due to the greater surface area of alumina fibres present and the greater
proportion of silica binder. Consequently, the level of magnesium in the matrix of the
0.26 Vf composite was lower than that in the 0.08 Vf composite.
The presence of Saffil fibres similarly reduced the magnesium content of the
2124/Ag alloy matrix (Table 5.2), with ~ 0.3 wt % in 0.26 Vf composite compared
with -

0 .8

wt % for unreinforced alloy, although more magnesium remained in the

2124/Ag matrix than the 415 matrix. The levels of other solute elements were not
altered. The fact that no direct evidence of a reaction product such as MgO or
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MgA^C^ was obtained again suggests that, although magnesium segregated to the
fibres, it may not have undergone any significant reaction with the alumina, despite
the higher magnesium content. Furthermore, the presence of silicon at the interface of
these composites, and the fact that silicon was not found in appreciable amounts in the
unreinforced alloy, supports the earlier hypothesis that silicon diffuses away through
the fibres towards the interface, possibly due to the presence of magnesium there.
In summary, therefore, the segregation of magnesium towards the fibres
occurs in all of the four composite systems investigated, and the extent of this
segregation is greater in composites with a higher fibre volume fraction and a higher
matrix magnesium content
Finally, as a consequence of magnesium segregation, the microstructure of the
matrices was affected by the presence of Saffil fibres. The two 415 composites and
the two 2124/Ag composites consisted of platelets of 01phase in the matrix, but the
2124/Ag-0.26 Vf composite appeared to contain some £2 phase as well as 0'. The
characteristics of the

0

' and

£2

phases and their orientation relationships with the

aluminium lattice will be discussed further in the following section.

5.1.3

Effects of heat treatment

Solution treatment, consisting of heating at 500°C for

6

hours and 530°C for

18 hours followed by quenching into cold water, was successful in all four composite
systems, producing a homogeneous matrix free from second phases and coring of
solute elements. Although evidence exists [145] suggesting that composites do not
require the same length of solution treatment as unreinforced alloys due to their
smaller grain size, for consistency the same treatment was used on all materials in the
current study.
There was, however, evidence that solution treatment encouraged further
diffusion of magnesium towards the Saffil alumina fibres. This resulted in the levels of
matrix magnesium being significantly less than those in the cast condition, in all four
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composites. This is not surprising in view of the severity of solution treatment where
the composites were subjected to a temperature of - 530°C for 18 hours, compared
with temperatures of between ~ 700°C and 550°C (i.e. above the solidus temperature)
for only some ten seconds during the infiltration process. We may compare the extent
of diffusion during the two processes by referring to the relation

x = jDt,
where x is the diffusion depth, D is the diffusion coefficient at a given temperature and
t is the time for which that temperature is sustained. Data given by Lea and Molinari
[143] for the diffusion coefficient for magnesium in solid aluminium (~ 10" 1 1 m 2 s - 1 at
~ 650°C and ~ 10' 1 2 m 2 s ' 1 at the solution-treatment temperature) gives diffusion
depths for magnesium in aluminium of ~ 2 2 |im during infiltration and -

1

mm during

solution treatment. Thus solution treatment produces much greater magnesium
diffusion towards fibres and further depletion of the matrix in magnesium for all four
composite systems. It should be remarked that the high vacancy concentration
resulting from the quenching process would lead to an enhanced diffusion rate during
ageing, since diffusion occurs by vacancy migration.
The increase in matrix silicon for all four composites after solution treatment
must result from diffusion of silicon from the fibres and binder, since the level of
silicon in the unreinforced alloys was the same before and after solution treatment.
This would appear to support the observations made earlier in the discussion, and also
those made by Fishkis [59].

After the artificial ageing treatment the microstructure of all four composite
systems was unchanged on the optical scale, and no evidence of second phases was
found. Ageing did, however, modify further the compositions of all four composite
matrices, with a reduction in magnesium (Tables 5.1, 5.2) and an increase in silicon.
This was confirmed by EDS analysis in the TEM which showed both magnesium and
silicon at the fibre-matrix interface of all four composites (e.g. Figure 4.61 (b)). The
matrix magnesium content decreased with increase in V f, while the matrix silicon level
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increased with Vf. The higher solute content in the 2124/Ag composite matrix
appeared to increase the extent of diffusion and hence the formation of magnesiumand silicon-rich particles around the fibres (Figure 4.72 (a)). Hence fibre-matrix
interactions, similar to those described earlier, may have occurred during ageing but
only in the outermost regions of the fibres.
The consequences of the depletion of matrix magnesium are evident in the
185°C age-hardening response of 415 composites (Figures 4.19 and 4.28) when
compared with unreinforced alloy (Figure 4.9 (b)). The composite matrices had
significantly lower peak hardnesses: 111 HV for 0.08 Vf composite and 122 HV for
0.26 Vf, compared with ~ 150 HV for unreinforced alloy (see Table 5.1). This
suggests that the composites contained insufficient magnesium in the matrix to give
the optimum age-hardening response, as produced in unreinforced alloy. The levels of
the other main solute elements (copper and silver) were comparable in all three
materials, a further indication that the difference in magnesium content is the primary
reason for the difference in hardening behaviour.
The fact that the time taken to achieve peak hardness was significantly less for
the composites than for unreinforced alloy (Table 5.1) showed that the Saffil fibres
had induced a second effect upon age-hardening. This acceleration of ageing may be
attributed to the large number of dislocations produced during cooling the composite
from the processing temperature. These dislocations result from the relief of strain
generated by differential contraction between matrix and reinforcement (see Section
1.6.1). This strain can amount to - 1 %, well above the yield strain, and results in
plastic deformation of the matrix, i.e. the generation and movement of dislocations.
Thus when the composite is subsequently aged, these dislocations act as preferential
nucleation sites and age-hardening precipitates nucleate faster in the composites than
in unreinforced alloy. Consequently, the optimum (peak-hardness) condition of finelydistributed small precipitates was achieved sooner in the composite matrix than in the
unreinforced alloy.

ill

Similar results, where the composite peak hardness is lower than that in the
unreinforced material but achieved sooner, have been found in other studies of
aluminium-based MMCs [49,131]. This suggests that the age-hardening response of a
composite is affected not only by the enhanced dislocation density but also by the
level of solute elements needed for forming the age-hardening precipitates. Where the
reinforcement lowers the level of these solute elements, as in this study by
encouraging segregation, the age-hardening response of the composite will be
impaired.
In the 2124/Ag system, the 0.08 Vf composite had a peak hardness similar to
that of the unreinforced alloy (~ 168 HV and - 165 HV respectively, see Table 5.2),
suggesting that both materials had sufficient levels of solute elements to achieve
optimum age hardening. The significantly lower peak hardness in the 0.26 Vf
composite (~ 149 HV) is attributable to the fact that there was little magnesium in the
matrix of the composite as a result of segregation to the fibres (Table 5.2), and
consequently age hardening was restricted. As with the 415-based composites,
hardening was accelerated as a consequence of the increased dislocation density
around the fibres.
The age-hardening precipitates encountered in this study were the O' and Q
phases, both of which are based on a composition of CuAl^ The nature and
morphology of these precipitates will now be addressed.
The 0' phase has a tetragonal structure [1, 110] and forms as thin platelets on
{100} planes of the aluminium lattice (Section 1.7.1) according to the following
orientation relationship:
(0 0 1 ) 0 .

II(001

)a i

and [lOOJg-

II[100]^ ,

see Figure 5.2 (a). The Q phase also exists as thin platelets, generally hexagonal in
shape [35, 112, 113], lying on {111} planes of the aluminium lattice, as illustrated in
Figure 5.2 (b). Previous studies on Al-Cu-Mg-Ag systems have ascribed various
crystal structures to the £2 phase, including monoclinic [122, 123], hexagonal [117,
124] and orthorhombic [125, 126] (see Section 1.7.3). The most recent proposal
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[120] states that Cl has a tetragonal unit cell with parameters a = b = 0.6066 nm and
c = 0.496 nm, in contrast to the 0' phase (also tetragonal) which has cell parameters of
a = b = 0.6066 nm and c = 0.4874 nm. Hence the tetragonal structure leads to the
following orientation relationships between Cl and aluminium [121]:

(001)Q I I (lll)Ai,[010]n I I [10T]ai, a n d [100]q I I [12'IJa,.
In this study, however, diffraction patterns for the Cl phase were indexed according to
either the hexagonal or monoclinic structures.
As discussed in Section 1.7.3, it has been observed that both magnesium and
silver must be present in aluminium-copper alloys for the Q phase to form. However,
Garg et al [119, 120] have reported that Cl can form without silver, although they
point out that silver enhances greatly the precipitation of Cl at the expense of 0'.
Fonda et al [121] also report that Q is not confined to the quaternary alloy. The
precise roles of magnesium and silver in the precipitation of Q are, therefore, unclear.
In order to determine the density of precipitates (the number per unit volume)
it is necessary to know the thickness of the foil specimen. In this study a constant foil
thickness of 300 nm ± 50 nm was assumed, a reasonable value for electrontransparent aluminium-alloy specimens [146]. Although the precipitate densities
quoted may be underestimates, because the foil thickness may be less than the
assumed value of 300 nm in some areas, they are sufficient for comparative purposes.
When calculating precipitate densities it is important also to be aware that not
all of the possible precipitate orientations will be seen at any one time. The apparent
number of precipitates must therefore be multiplied by an appropriate factor to
account for those precipitates which are not visible. In the case of the 0' phase, only
two of the three < 1 0 0 > directions are visible; the third appears in the plane of the foil
(Figure 5.2 (a)). Therefore it is necessary to multiply the number of apparent 0'
precipitates by a factor of 3/2 to account for those precipitates in the plane of the
specimen. Similarly, the £2 phase appears on all four of the {111} type planes of the
aluminium cube, but only two of these are visible edge-on at any one time
(Figure 5.2 (b)). Therefore when calculating the number of Cl precipitates present in
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an area of the foil, the apparent number must be doubled to account for the two
planes which do not appear edge-on to the beam. If both £2 and 0' phases are present,
comprising two sets of Q and one of 0 ', the number of 0 ' precipitates seen in an area
must be multiplied by three to account for the other two planes not visible in the edgeon orientation. The number of £2 precipitates, meanwhile, must again be doubled.
In the peak-aged condition, the two 415 composite matrices consisted only of
0

' precipitates, as found in the cast composite matrices, and the precipitate density

after ageing (~

1021

m- 3 in both composites) was a factor of ten greater than that in

the cast condition. In contrast, the unreinforced alloy at peak hardness contained both
Cl and 0* phases, as indicated by three sets of edge-on precipitates (Figure 4.11 (a)).
There was approximately twice as much £2 as 0' in unreinforced alloy, and the
precipitate density was ~ 102 0 m" 3 for each phase. Since the levels of copper and silver
in each composite matrix were comparable to those in unreinforced alloy, the absence
of Cl after ageing is most probably due to the lack of magnesium in the matrix as a
result of segregation to the fibres. Thus the presence of Saffil fibres altered not only
the precipitate density, but also the nature of the precipitated phase.
The 2124/Ag matrix gave contrasting results. The matrix of peak-hardness
0.08

Vf

composite contained 0’ and £2 precipitates, as was seen in peak-aged

unreinforced alloy. The peak-aged 0.26 Vf composite also contained 0' and some
additional precipitates on {111} planes. Due to the very low magnesium level
(0 . 0 1 wt% ) in this composite, the

{111

}-type precipitates may not have been

£2

phase; in fact, the relatively high silver content and the appearance of the precipitates
(Figure 4.71 (a)) suggest that the Ag2 Al phase may have been present in some areas,
since this also forms on {111} planes [1]. The precipitate density in the composites
was ~

1022

m-3, with approximately twice as much

£2

as

0

', while the density in

unreinforced alloy was only - 102 ®m-3. The higher solute content (in particular the
levels of magnesium and silver) in the 2124/Ag matrix when compared with the 415
matrix allowed nucleation of the

£2

phase in addition to

0 1

during ageing of composite,

despite the fact that some matrix magnesium had segregated to the fibres.
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The difference in age-hardening behaviour between the 415 and 2124/Ag
composites may be explained by considering the nature of interactions between
dislocations and precipitates, as discussed in Section 1.7. In the peak-aged condition
precipitates are distributed so finely that dislocations may not bow around them but
must instead cut through them in order to move through the aluminium lattice. Thus,
in peak-aged materials, cutting of precipitates by dislocations (chemical hardening) is
the primary hardening mechanism.
When a dislocation cuts through a precipitate the precipitate is sheared along
the slip-plane and an additional area of precipitate-matrix interface is formed, as
illustrated in Figure 5.3. The resistance to this dislocation movement by shearing of
the precipitate depends upon several factors [147]. The stress required for a
dislocation to cut through a precipitate in this manner has been estimated by Kelly and
Fine [148] and may be expressed as
ay,p
X° “
b
'
where T0 is the dislocation flow stress, a is a numerical constant [149], y p is the
interfacial energy of the precipitate, / is the volume fraction of precipitate and b is
the Burgers vector of the dislocation. Thus the flow stress in a precipitation-hardened
structure (and hence also its hardness) depends upon two precipitate factors, one
relating to the interfacial energy of the precipitate and the other relating to the
precipitate volume fraction. The higher hardnesses in the 2124/Ag system compared
with the 415 system may therefore be due either to a higher volume fraction of
precipitate, or to a higher precipitate interfacial energy, or to a combination of both
factors.
We may investigate the first of these possible explanations by estimating and
comparing the total volume fraction of precipitate in each composite. This may be
calculated from a knowledge of the precipitate density (number per unit volume), the
precipitate dimensions and the foil thickness. Measurement of precipitate dimensions
is difficult due to the poor contrast at precipitate edges, particularly in the case of
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precipitate thickness. In this study, however, 0' and Q precipitates had similar
dimensions, generally ~ 200 nm in length and ~ 5 nm thick. The total volume fraction
of precipitate was calculated for each material and the results are displayed in
Figure 5.4. The precipitate volume fractions obtained (~ 4 -

8

%) are similar to those

reported in earlier studies on Al-Cu-Mg-Ag alloys [117]. Allowing for the errors
involved in estimating foil thickness and average precipitate dimensions it may be
concluded that, at peak hardness, there is no significant difference in total precipitate
volume fraction between the 415-based materials and the 2124/Ag-based materials
(~

8

% in each case, Figure 5.4). From the evidence presented in this study it

therefore appears that the volume fraction of precipitate has little effect upon flow
stress (and hence hardness).
The other possible explanation for the difference in hardening between 415and 2124/Ag-based systems is that the interfacial energy, y p, of the sheared
precipitate is different in the two systems. Hence it may be the type of precipitate
present, rather than the amount, which leads to differences in flow stress and
hardness, since each precipitate has a different interfacial energy. Since the volume
fraction of precipitate could not account for the higher hardnesses in the 2124/Ag
system, the results of this study indicate that the interfacial energy must indeed be
different in the two systems, Q having the higher interfacial energy and therefore
causing a higher matrix hardness than 01, as reported elsewhere [35, 112, 113, 115].
Hence it is the presence of £2 precipitates in the 2124/Ag-based composite which
results in a higher peak hardness than 415-based composite, which contained only the
0' phase (see Tables 5.1 and 5.2).
A further effect of the Q phase on hardening in 2124/Ag-based materials was
that the extent of overageing was limited (e.g. Figure 4.50), and thus Q confers
thermal stability upon the alloy. In contrast, where only the 0' phase was present, the
extent of overageing was significant (e.g. Figure 4.19). Precipitates of the £2 phase are
coherent with the aluminium lattice and this coherency leads to good thermal stability,
since the thermodynamic driving force for precipitates to change their morphology is
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negligible. Coherency strains and hence the hardening effect are therefore maintained
as ageing continues. Where both Cl and 0' are present, £2 is the equilibrium phase and
thus it tends to form at the expense of 0' as ageing progresses [117, 119, 120]. In
contrast, where only the 0 ' phase is present at peak hardness, it will tend to transform
to the equilibrium 0 phase as ageing continues and, as described in Section 1.7.1, 0 is
incoherent with the aluminium lattice, so its formation leads to softening. Moreover,
overageing via particle coarsening (Ostwald ripening [1]) occurs so as to reduce the
total interfacial energy of the matrix alloy; hence the fact that

£2

is stable upon

continued ageing while 0 ' dissolves suggests that £ 2 has a relatively low surface energy
at the edges of the precipitate where coarsening may occur, as reported elsewhere
[117, 150].
The high precipitate densities observed in the peak-aged composite matrices
{e.g. ~ 102 2 m_3 in 2124/Ag-0.26 Vf composite) are due not only to the presence of
many dislocations, but also to the high density of vacancies retained in the matrix as a
result of quenching from the solution-treatment temperature, as discussed earlier. The
high concentration of quenched-in vacancies leads to an increased diffusion rate and
hence a high degree of precipitate nucleation on ageing.
In summary, in the 415 system the presence of Saffil fibres increased the
density of precipitates obtained after ageing, and precipitate and dislocation densities
increased with fibre volume fraction. The fibres caused depletion of matrix magnesium
to the extent that age-hardening £2 precipitates could not form in the matrix. Thus
only the 0' phase was present at peak hardness. Both £2 and 0* were, however, present
in the unreinforced alloy, which had a higher magnesium level. In the 2124/Ag system,
precipitate and dislocation densities again increased with Vf. In this system there was
sufficient magnesium in the matrix of 0.08 Vf composite to allow the formation of Cl
age-hardening precipitates in addition to

0

', despite the segregation of some

magnesium to the fibres. Consequently 2124/Ag-based composite achieved a higher
peak hardness and showed greater resistance to overageing than the 415 composites.
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5.2

Mechanical properties

Before discussing mechanical properties of the composites, it is worth
commenting upon the suitability of the tensile test method employed in this project.
For materials containing a ductile constituent, such as an alloy, tensile testing is
preferable because the true tensile strength may be derived. Bend tests, on the other
hand, provide information on flexural properties, which are only comparable to tensile
properties for "ideal" linear elastic materials undergoing no significant yield, such as
ceramics. Thus for the alloys and composites studied in this project, tensile testing
was used for determining Young's modulus, tensile strength, etc.. The presence of
short, randomly-oriented fibres complicates the failure mode of the composite
specimens, but information on the composite strength and thus the effect of fibres
upon the metal matrix is readily obtainable.

5.2.1

Elastic behaviour

The effect of Saffil fibres upon elastic behaviour of the cast composites was to
cause an increase in elastic (Young’s) modulus in all four composite systems, as
expected. In the case of the 415 composites, Young's modulus increased with increase
in Vf (see Table 5.1). The modulus for the 0.08 Vf composite was ~ 87 GPa, that for
the 0.26 Vf composite was - 95 GPa, and the value for unreinforced 415 alloy was
~ 70 GPa. Hence Young's modulus of unreinforced 415 alloy may be increased by
~ 24 % and ~ 36 % by the incorporation 0.08 Vf and 0.26 Vf Saffil fibres respectively,
considerably higher than results reported by Chou, Kelly and Okura [15]. The
enhanced modulus of the composites suggests that stress transfer at the fibre-matrix
interface was achieved successfully.
In the case of the 2124/Ag composites, however, the modulus did not show
any increase in the composite of higher Vf (see Table 5.2). The average modulus of
0.08 Vf composite was ~ 97 GPa while that of 0.26 Vf composite was ~ 94 GPa, so
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the increased fibre volume fraction did not provide any further enhancement in the
stiffness of the composite. With 0.08 Vf an increase in modulus of ~ 26 % over that of
unreinforced alloy was achieved, again higher than values reported by Chou, Kelly
and Okura [15]. This suggests that stress transfer from matrix to the fibres was
achieved successfully. The absence of any further increase in modulus in the
2124/Ag - 0.26 Vf composite suggests, however, that poor stress transfer at the fibrematrix interface dominated elastic behaviour in this material, probably a consequence
of magnesium segregation to the fibres during infiltration, as discussed previously.
The theoretical values of modulus predicted by the basic Rule of Mixtures
(ROM) approach (Section 1.6.2) are
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GPa for the 0.08 Vf Saffil composite and

130 GPa for the 0.26 Vf composite. Theoretical and experimental values therefore
agree reasonably well for the lower fibre volume fraction composite but not for
0.26 Vf composite. This is because the basic ROM theory assumes unidirectional
continuous reinforcement, whereas the fibres in this study are short and randomlyarranged. As discussed in Section 1.6.2, short fibres may not be loaded directly at the
fibre ends and stress must instead be transferred into them from the matrix via shear
forces. Thus the end regions of the fibre constitute a notional ineffective length which
reduces the efficiency of the reinforcement. The effect of this reduction will clearly be
greater for higher fibre volume fractions.
The reduction in modulus obtained when using short fibres may be illustrated
by comparing the experimental values obtained in this study with the modulus of a
composite containing continuous unidirectional fibres. In the latter case the basic
ROM equation is valid, Le.
Ec = Ef V f + E m (l-Vf)>
where Ec is the composite modulus, Ef is the modulus of the fibres, Vf is the volume
fraction of fibres and Em is the matrix modulus. Let us consider, for example, an
aluminium matrix (Em = 70 GPa) reinforced with 0.08 Vf of continuous alumina fibres
(DuPont FP, Ef = 370GPa, Section 1.4). Substituting the values into the ROM
equation above gives a composite modulus of 94 GPa. Using the same method for a
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composite containing 0.26 Vf FP alumina fibres gives a modulus of 148 GPa. The
moduli are higher than experimental values for the short Saffil fibre composites used
in this study, particularly for higher Vf. Mathematical models have been developed for
predicting Young's modulus of composites containing unidirectional short fibres.
Among these, Cox's model [3] incorporates an efficiency factor into the basic ROM
equation, whereby the rate of stress build-up at the fibre ends is considered.
The second reason why experimental values of composite modulus are
generally less than ROM predictions derives from the random orientation of the fibres.
The models discussed so far have all assumed unidirectional reinforcement but, as
addressed in Section 1.6.2, modulus decreases if fibres are randomly-oriented. The
effect of randomly-oriented fibres upon composite modulus has been studied in
several ways including the Krenchel method [3], which considers the stiffness
contribution from fibres oriented at an angle to the applied load, similar to the method
for predicting composite strength (Section 1.6.2). An efficiency factor, T|, is employed
to account for the number of fibres oriented at a certain angle. The value of T| can
vary between

0 .2

and

1

reinforcement, such that rj =

depending upon the degree of orientation of the
1

for completely aligned fibres, Tj = 0.375 for planar-

random fibres, and T) = 0.2 for completely randomly-oriented fibres. Hence the
composite Young's modulus may be given by
Ec = T| Ef Vf + Em (1-Vf).

We may then substitute appropriate values into this equation to predict values of
elastic

modulus

for

aluminium-based

composites

containing

Saffil

fibres

(Vf = 300 GPa). Using Tj = 0.375 gives a value for 0.08 Vf of 73 GPa while that for

0.26 Vf is 81 GPa, lower than experimental values. In fact, using T| = ~ 0.6 would give
better agreement with experimental values, and this suggests that Saffil fibres are
more aligned than the manufacturer's 'planar-random' description. Experimental values
of composite modulus obtained in this study are in accord with results from other
Saffil-reinforced, aluminium-based systems [27,55].
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It is worth noting at this point that the error introduced in estimating the
modulus for each composite specimen is relatively large (~ ± 10 GPa). This is because
the extent of linearity in the stress-strain curves for all four cast composites was small
and not clearly defined, unlike those for the unreinforced alloys whereby linear elastic
regions were distinguished more easily. The extent of elastic behaviour in the
composites was therefore veiy limited and deviations from linear stress-strain
behaviour occurred at low values of strain. This is due to localised matrix yield
occurring at a range of stress values, thus giving the 'continuous yield' observed. In
addition, some of the short fibres may reach their maximum load-bearing capability at
low strains and thereafter support no further load.
An alternative method of measuring modulus for composites exhibiting such
yielding behaviour is the determination of dynamic modulus. The dynamic moduli for
cast 415 composites (Table 5.1) were very similar to the corresponding elastic
moduli. In the case of 2124/Ag composites (Table 5.2), the dynamic modulus for
0.08

Vf

was considerably lower than the elastic modulus. Conversely, for 0.26

Vf

composite the dynamic modulus was slighdy higher than the elastic modulus.
However, one should remember that the errors introduced in determining elastic
modulus are significant In addition, the measurement of dynamic modulus for these
composites is complicated by the short, randomly-oriented fibres which confer
inhomogeneity upon the composite. The "time of flight" method for measuring
dynamic modulus assumes that the material is homogeneous and free from factors
such as pores, grain boundaries or other phases which would affect the passage of
sound waves through the metal. Furthermore, the time recorded by the apparatus is
the shortest time taken for a sound wave to cross the specimen, and a short time of
flight corresponds to a high modulus (see Section 3.9.1). In practice the sound waves
will follow many other, longer paths when passing from one end of the specimen to
the other. It is therefore difficult to interpret accurately any differences between the
dynamic and elastic moduli for the composites. We may, however, conclude that
dynamic modulus increased with fibre volume fraction for both matrix systems.
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The modulus of peak-aged 415 composites increased with increase in Vf, but
there was no significant change in modulus as a result of ageing (Table 5.1), as
anticipated. In the 'elastic' region of composite deformation the fibre properties
dominate, and so the precipitate structure of the matrix would not have a significant
effect upon elastic properties. Moreover, modulus is a property dictated by the atomic
bonding in a material and not its thermal history. The peak-aged 2124/Ag composites
also had higher Young's modulus than unreinforced alloy. There was, however, no
significant difference between the elastic modulus of 0.08 Vf composite (85 ±

8

GPa)

and that of 0.26 Vf composite (98 ± 1 6 GPa, Table 5.2). The fibres therefore
enhanced the stiffness of the matrix, but the extent of the improvement was not
proportional to fibre volume fraction, as found in the cast condition. Thus, in the case
of 0.26 Vf composite, interfacial properties (and hence the efficiency of stress
transfer) dominated elastic properties. Values of modulus for the composites were in
good agreement with a modified ROM theory for the lower Vf, in both matrices. The
difference between experimental and theoretical values was larger at higher Vf due to
the short, random nature of the reinforcement, as discussed earlier.
The peak-aged dynamic modulus of the 415-0.08 Vf composite (Table 5.1)
was very similar to the elastic modulus obtained from tensile testing, but the dynamic
modulus for peak-aged 415-0.26 Vf composite was slightly higher than the elastic
modulus, for reasons discussed previously. In summary, therefore, the dynamic
modulus increased with fibre volume fraction, as was the case for elastic modulus.
The peak-aged 2124/Ag composites (Table 5.2) also had dynamic moduli which
increased with Vf, in contrast to elastic modulus which reached a maximum value at
0.08 V f.
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5.2.2

Yielding and fracture behaviour

Tensile testing of cast composites to failure resulted in very little elastic
behaviour, as mentioned in the previous section, but plastic deformation of the matrix
was predominant in all four composites. Evidence of this may be seen in the smooth
stress-strain curves (i.e. no clear yield point) which indicate continuous yield up to
failure. This was confirmed by examination of fracture surfaces which showed a
number of damage modes, including yield of the matrix and pull-out of fibres
(Figure 4.38). The extent of yield in the composite matrices was somewhat less that
seen in the unreinforced alloys, where the "cup and cone" effect characteristic of a
ductile alloy was seen throughout the fracture surface. Composites generally had
higher values of

0 .1

% proof stress than the corresponding unreinforced alloys,

indicating that the resistance to dislocation motion was increased by the addition of
fibres. In the case of the 415 composites, 0.1 % proof stress increased with increase in
Vf (Table 5.1). In the 2124/Ag composites the 0.1 % proof stress showed no
improvement beyond that for 0.08 Vf (Table 5.2), as was also the case for Young's
modulus.

The experimental values of tensile strength obtained for the cast 415
composites (~ 303 MPa for 0.08 Vf and ~ 293 MPa for 0.26 Vf) were similar, and
both were considerably higher than the value for unreinforced alloy (see Table 5.1).
Values were also consistent with those obtained from studies of similar systems
[27, 55]. The basic ROM approach for composite strength predicts values of
436 MPa for 0.08 Vf Saffil and 742 MPa for 0.26 Vf, clearly much higher than
experimental values. However, as discussed for modulus, the basic ROM theory does
not take into account the facts that the fibres are short and randomly-arranged and it
is necessary to introduce the following modifications, as discussed in Section 1.6.2:
a c = Of Vf (1 - y
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21) + a m (1 - Vf),

(eq. 1)

where

Gc

is the composite strength,

Of

is the fibre strength, Vf is the fibre volume

fraction, ^ is the critical length of fibre required to allow stress transfer from the
matrix, 1 is the fibre length, and o m is the matrix strength at the fibre failure strain. As
implied in Section 1.6.2 the fibre length 1 must be ~ 10 lc in order to achieve
significant strengthening, and this requirement depends in turn upon the interfacial
shear strength, Zv The critical length is thus given by:
lc / d = Of /

2

Xi,

(eq. 2 )

where d is the fibre diameter. For Saffil fibres the length 1 = 500 pm, diameter d is
3 pm, and the failure strength Of is - 2000 MPa. The value of Tj is more difficult to
establish, but we may adopt a method similar to that employed by Baxter [102]
whereby Tj for aluminium alloys was assumed to be - 2 O m / 3. For the 415 system
(O m

~ 200 MPa), the value of Tj is therefore ~ 130 MPa. Substituting these values

into eq. 2 above therefore gives a value for the critical length, lc of - 23 pm.
We may then use this value of ^ to calculate the theoretical composite
strength from eq. 1 above, giving a value of ~ 340 MPa for 0.08 Vf and ~ 650 MPa
for 0.26 Vf. The value for 0.08 Vf is now much closer to the experimental value
obtained, but theoretical values of composite strength are still higher than those found
by tensile testing because the planar-random nature of the fibres has not yet been
considered. We may take the theoretical treatment one step further to account for this
(Section 1.6.2). The simplest way is to multiply the strength contribution from the
fibres,

O f,

by a factor of 3/8 (i.e. 0.375), as proposed by Friend for planar-random

reinforcement [101]. Equation 1 then gives us values of ~ 240 MPa for 0.08 Vf and
- 340 MPa for 0.26 Vf, still significandy different from experimental values. The
theoretical treatment of composite strength therefore requires further modification for
Saffil fibre-reinforced MMCs, possibly using a higher value of t| (see Section 5.2.1).
In the 2124/Ag system, the tensile strength of cast 0.08 Vf composite
(~ 330 MPa) was higher than that of unreinforced alloy, but the value for 0.26 Vf
composite (~ 240 MPa) was not significandy higher than that for unreinforced alloy
(Table 5.2). The fibres therefore appeared to offer no significant improvement in
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strength beyond - 0.08 Vf Saffil, as was also seen for values of Young's modulus and
0.1 % proof stress. In the plastic region the matrix properties dominate tensile
behaviour, and so the limited enhancement of tensile strength suggests that the matrix
of the 0.08 Vf composite contributed significantly to composite properties, while the
matrix of the 0.26 Vf composite did not. It is proposed that the nature of the interface
was responsible for the relatively poor mechanical properties of the 2124/Ag-0.26 Vf
composite. The 2124/Ag matrix originally contained more magnesium than the 415
matrix, and consequendy more magnesium segregated to the fibres during processing.
This resulted in an embritded interfacial region in the 2124/Ag composite and hence
inferior tensile strengths. This hypothesis is supported by TEM analysis of the
interface of the 2124/Ag-0.26 Vf composite (Figure 4.72 (a)), which showed the
fibres to be surrounded by small precipitates containing magnesium and silicon.
Theoretical calculations of tensile strength for the 2124/Ag composites may be
performed according to the method set out earlier, using the value of Cm = 220 MPa
for the 2124/Ag alloy to give predicted values of Cc of ~ 360 MPa for 0.08 Vf
composite and ~ 670 MPa for 0.26 Vf composite. Hence theoretical values are in
close agreement with those found by experiment for the lower fibre volume fraction
(~ 330 MPa by experiment), but are significantly higher than experimental values for
the higher fibre volume fraction (only ~ 240 MPa by experiment) because the random
nature of the fibres has not yet been considered. If the method of Friend [101] is used
(tj = 0.375, as described previously), a theoretical composite strength for 0.08 Vf of
~ 260 MPa is obtained, while for 0.26 Vf the theoretical composite strength becomes
~ 355 MPa. These values are still significantly different from those obtained
experimentally and thus the theoretical treatment for the strengths of such composites
requires further alteration.

Composites generally have lower failure strains than the corresponding
unreinforced alloy because the reinforcement, by virtue of its ceramic nature, tends to
be brittle (for example, the failure strain of Saffil fibres is ~ 0.6 % [101]). It was
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therefore surprising to see that the failure strain of the 415-0.08 Vf composite was
higher than that of unreinforced alloy (see Table 5.1). The unreinforced alloy,
however, underwent only a very small amount of yield before failure, in contrast to
expected behaviour. As a consequence, the failure strain for the unreinforced 415
alloy was only ~ 0.4 % on average, significantly less than would be expected for a cast
aluminium alloy from the literature: for example, values of up to ~ 9 % elongation
may be expected for cast aluminium alloys [151]. The results suggest that the 415
alloy used in this study contained some casting defects. Indeed, fractography of the
alloy specimen surfaces (e.g. Figure 4.32) confirmed the presence of porosity across
the surface, but there were also regions of yielded alloy, characterised by the "cup and
cone" effect. Examination of the fracture surfaces of composite specimens (e.g.
Figure 4.40) showed the presence of toughening processes such as fibre debonding
and pull-out, in addition to yield of the matrix.
The strain to failure of the cast 2124/Ag matrix was decreased significantly by
the presence of Saffil fibres (Table 5.2), as expected, because the failure strain of the
fibres is low compared with that of the matrix alloy (~ 1 %). Thus when the fibres
broke upon reaching their limiting strain the matrix became the dominating constituent
such that, after a relatively small amount of yield, the specimen failed. Furthermore
the strain to failure decreased as the fibre volume fraction increased (see Table 5.2),
indicating the tendency of composites to adopt more brittle behaviour with higher
fibre volume fractions. This correlates with the results of Clyne et al [27] on similar
systems.

The average values of tensile strength and strain to failure for peak-aged 415
composites were higher than those in the cast condition (see Table 5.1), which
indicates successful matrix age-hardening, since the matrix properties dominate in the
'plastic' region. Values for the composites were also considerably higher than those for
the unreinforced alloy. The composites sustained considerably more yield than
unreinforced alloy, as confirmed by examination of fracture surfaces where the
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composites showed evidence of matrix yield and fibre pull-out. The increase in strain
to failure of the composites after ageing was significant and contrary to established
theory, whereby ageing tends to reduce ductility because the movement of
dislocations (and hence the extent of plastic flow) is restricted by the finely-dispersed
precipitates. The result therefore indicates that toughening mechanisms such as fibre
debonding and pull-out were encouraged after ageing. This may be a result of
weakening of the fibre-matrix interface due to segregation of magnesium to the fibres
during ageing, and consequent embrittlement of the interfacial region as discussed
previously. This hypothesis was supported by analysis of the fracture surfaces of the
composite, which showed significant evidence of fibre-matrix debonding and the
presence of magnesium. However, the precise location of magnesium could not be
established since it was also present in the matrix. Furthermore, it is possible that
solution treatment may have contributed to this segregation and embritdement, as
discussed in Section 5.1.3. This highlights the need to optimise the interfacial bond
between fibres and matrix, to allow stress transfer from matrix to fibres whilst still
permitting toughening mechanisms such as fibre pull-out to occur.
Peak-aged 2124/Ag composites, meanwhile, showed very little yield and the
transition from elastic to plastic behaviour was less distinct than for unreinforced
alloy, which exhibited significant yield. However, the elastic/plastic regimes for the
composites were considerably more distinct in the peak-aged condition than the ascast condition: compare, for example, Figure 4.83 with Figure 4.81. This indicates
that the ageing process increased the yield point of the composite. This is confirmed
by the results of 0.1 % proof stress for the 0.26 Vf composite (Table 5.2) which were
higher for the peak-aged condition than for the as-cast condition. Meanwhile the
specimens of peak-aged 0.08 Vf composite failed either whilst still undergoing elastic
deformation or just beyond the elastic region, and consequently values of 0 . 1 % proof
stress could not be deduced.
The failure stress of peak-aged 2124/Ag composites was, for each Vf, higher
than that of cast specimens (Table 5.2), indicating that the matrix had responded well
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to precipitation-hardening and that the mixture of Q, and 0 f precipitates present in the
matrix was beneficial to the tensile properties of the composite. This was also found in
unreinforced alloy, where ageing increased the tensile strength to - 3 6 0 MPa,
significandy higher than the value for unreinforced 415 alloy. This indicates that the
mixture of Q and 0' precipitates developed in unreinforced 2124/Ag alloy gave better
tensile properties than unreinforced 415 alloy, which contained 0* with only a small
amount of Q. The failure strains of peak-aged 2124/Ag composites were, however,
usually less than those in the cast condition, indicating that precipitates inhibit plastic
flow of the matrix. The highest tensile strength was obtained with 2124/Ag-0.08 Vf
Saffil composite (~ 440 MPa), while specimens of 0.26 Vf composite had tensile
strengths of just 270 MPa on average, significandy lower than even unreinforced alloy
(Table 5.2). This implies that the strengthening effect of the 2124/Ag matrix reached a
limiting value with Vf - 0.08, as was found for the cast condition. Thus the lack of
magnesium in the matrix and the presence of a fibre-matrix (and/or binder-matrix)
interaction in the 0.26 Vf composite affected adversely its mechanical performance.
This once again highlights the balance which must be struck between achieving a
good interfacial bond to allow stress transfer from matrix to fibres, and preventing a
bond which is sufficientiy strong to inhibit toughening mechanisms such as fibre pullout.

The most likely failure path for the composites in both cast and peak-aged
conditions is the breakage of some Saffil fibres at relatively low values of strain and
the subsequent pull-out of short fibre ends from the matrix. Meanwhile the matrix
sustains the load until it undergoes ductile failure at slighdy higher strain levels, or
debonding from fibres oriented transverse to the applied stress. Pull-out of short, stiff
fibres from an elastic matrix has been addressed in a recent paper by Gent and
Shambarger [152]. In this study two stages of pull-out were observed: first the elastic
matrix became detached from the base of the fibre, thereby creating a cavity. The
second stage involved growth of the cavity and thus debonding of the fibre, resulting
128

in complete pull-out of the fibre from the matrix. However, the work considered only
fibres embedded perpendicular to the fracture surface of the material. The presence of
randomly-oriented fibres therefore adds complexity to the failure process of the
composites in the current study, so the two-stage pull-out process described above
will be only one of many contributing failure modes.
The segregation of magnesium and silicon towards the fibre surfaces during
infiltration and subsequent heat treatment may contribute to the failure process.
Magnesium diffusion is generally undesirable because it may encourage or enhance
chemical reaction with the fibre, as found by Le Petitcorps et al [58]. Brittle phases
formed as a result of fibre-matrix interactions (Section 1.6.1) can reduce the
mechanical performance of composites if the thickness of the interfacial layer exceeds
a critical value, generally less than 1 pm [107]. Above this value, fibres fail due to the
initiation of cracks in the interfacial layer and subsequent stress concentration effects
on the fibre itself. The consequences of interfacial MgAl2 0 4 spinel formation upon the
mechanical properties of an aluminium matrix-Saffil fibre composite have been
described by Fishkis [59]. Although no evidence for the presence of the spinel phase
was obtained in the current study, it is reasonable to conclude that the fibre-matrix
interface played a crucial part in failure of the composites, particularly in the case of
higher V f.
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6.

Conclusions

•

Casting of Saffil fibre-reinforced composites via liquid metal infiltration was

achieved successfully for two fibre volume fractions (0.08 Vf and 0.26 Vf) and for the
matrices 415 and 2124/Ag, with good infiltration and uniform fibre distribution in all
four composites.

•

The presence of Saffil fibres caused depletion of magnesium in the matrix as a

result of its segregation to fibres during the fabrication process. The effect was, of
course, most pronounced in composites of higher Vf.

•

Heat treatment, comprising solution treatment, quenching and artificial ageing,

was associated with further segregation of magnesium to the fibres.

•

This segregation of magnesium to Saffil fibres did not affect notably the fibre

structure, but it did reduce the age-hardening response of the matrix in the majority of
composites.

•

Peak hardness in 415-based composites was associated with the formation of

the 0' phase on {100} planes of the aluminium lattice. There was insufficient
magnesium present for precipitation of the Q phase in these composites, unlike
unreinforced 415 alloy which contained Q (on {111} planes of the aluminium lattice)
as well as 0 ' precipitates.

•

Peak hardness in 2124/Ag-based composites was associated with the

formation of both Q and 0' precipitates. The matrix thus contained sufficient
magnesium to allow Q formation, despite the segregation of magnesium to the fibres.
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•

In 415 composites, experimental values of Young's modulus were in

reasonable agreement with theoretical values obtained from a Rule of Mixtures
approach.

•

In 2124/Ag composites, experimental values of Young's modulus for the

composite of lower Vf agreed reasonably well with Rule of Mixtures theory. The
experimental Young's modulus for the composite of higher Vf, however, did not agree
with the theory.

•

Before heat treatment, 0.1 % proof stress in 415 composites was higher with

the higher Vf. Ageing increased 0.1 % proof stress of both composites, more notably
in the composite of lower Vf.

•

Before heat treatment, 0.1 % proof stress in 2124/Ag composites was higher

with the lower Vf. Values of 0.1 % proof stress were increased after ageing.

•

Before heat treatment, tensile strength in 415 composites did not change

significantly with increase in Vf. In the peak-aged condition the tensile strength of the
higher Vf composite was significantly higher.

•

Before heat treatment, tensile strength in 2124/Ag composites was higher in

the composite of lower Vf. Ageing increased tensile strength for both composites, and
that for lower Vf was again significantly higher.

•

In both matrix systems, the experimental tensile strengths for lower Vf

composites generally agreed with theoretical values deduced from a modified Rule of
Mixtures treatment, but experimental values for higher Vf composites were
significantly different from theoretical values.
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•

Failure in all composite systems occurred via a complex combination of

factors, including plastic deformation of the matrix, cracking of transverse fibres,
debonding of fibres from the matrix and fibre pull-out

•

The use of a matrix based upon the precipitation-hardenable Al-Cu-Mg-Ag

system would appear to offer significant advantages for improving the transverse
properties of fibre-reinforced metal-matrix composites.
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7.

Suggestions for further work

The results from this study have highlighted several features of Saffil
fibre-reinforced, aluminium-based MMCs worthy of further investigation, as described
below.
Firstly, experiments should be carried out to optimise the composition of the
aluminium-based composite matrix with particular emphasis on magnesium content,
i.e. the amount of magnesium in the matrix must be sufficient to compensate for some
segregation to the alumina fibres and still permit precipitation of the f t phase upon
ageing.
Secondly, it would be advantageous to study different alumina fibres
(e.g. DuPont FP-alumina, Sumitomo Altex) incorporated into 415- and 2124/Agbased alloys via a similar processing route. Since the extent to which magnesium
diffuses towards the fibre may depend upon the fibre structure and composition, this
is clearly a matter which needs investigation. The degree of compatibility between an
Al-Cu-Mg-Ag matrix and various alumina reinforcements could then be ascertained to
allow optimisation of the composite system. Moreover, further experiments should be
performed on the 2124/Ag-0.26 Vf Saffil composite to explain its anomalous
mechanical performance, which may be attributed to microstructural features such as
embrittlement of the fibre-matrix interface or the ingress of magnesium into the
fibres.
Thirdly, mechanical testing of composites in this study has highlighted the
need for further modelling of short, planar-random fibre-reinforced composites.
Composite strength is a complex function of fibre length, fibre orientation, and tensile
strengths of fibre and matrix, and the combined effects upon composite strength of
short fibres and planar-random reinforcement should be investigated more rigorously.
Similar treatments should also be applied to composite modulus to explain the
observed differences between experimental and theoretical (Rule of Mixtures) values.
Furthermore, the effects of interfacial microstructure upon composite properties
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should be incorporated into any theoretical treatment since the interface exerts a
fundamental influence upon the properties of the composite, via processes such as
fibre debonding and pull-out. As a final point, when considering such complex
composites, a 'system' approach is necessary in which matrix, reinforcement, interface
and processing route are all specified.
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Element

Table 4.1

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

96.02

1.13

92.63

1.83

Cu

2.89

0.78

2.72

0.89

Mg

0.22

0.03

0.19

0.04

Si

0.04

0.02

0.20

0.16

Ag

0.43

0.11

0.42

0.03

Mn

0.26

0.05

0.19

0.02

Ti

0.20

0.12

0.11

0.07

Composition (in wt %) of cast unneinforced 415 alloy,
obtained from quantitative EPMA. Values are averages
and standard deviations from ten measurements.

Element

Table 4.2

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

94.38

0.68

94.87

0.49

Cu

4.43

0.28

4.42

0.34

Mg

0.28

0.03

0.31

0.02

Si

0.05

0.02

0.08

0.04

Ag

0.56

0.05

0.54

0.04

Mn

0.24

0.07

0.22

0.07

Ti

0.23

0.15

0.14

0.08

Composition (in wt %) of solution-treated unreinforced
415 alloy, obtained from quantitative EPMA. Values are
averages and standard deviations from ten measurements.
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Spot

Element

Table 4.3

Area

Ave.

St. devn.

Ave.

St. devn.

Al

94.71

0.36

94.17

0.42

Cu

4.63

0.29

4.83

0.31

Mg

0.34

0.04

0.31

0.03

Si

0.09

0.04

0.07

0.03

Ag

0.54

0.05

0.57

0.03

Mn

0.24

0.07

0.24

0.09

Ti

0.16

0.11

0.18

0.07

Composition (in wt %) of peak-aged unreinforced 415
alloy, obtained from quantitative EPMA. Values are
averages and standard deviations from ten measurements.

Element

Table 4.4

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

94.76

0.88

77.28

7.93

Cu

2.56

0.75

2.33

0.62

Mg

0.13

0.02

0.15

0.05

Si

0.06

0.04

1.14

0.56

Ag

0.44

0.08

0.41

0.10

Mn

0.23

0.07

0.17

0.06

Ti

0.31

0.12

0.21

0.09

Composition (in wt %) of cast 415-0.08 Vf Saffil
composite matrix, obtained from quantitative EPMA.
Values are averages and standard deviations from ten
measurements.
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Area % fibres

Mg wt %

Al wt %

Cu wt %

Si wt %

10

0.06

90.32

1.85

0.35

12

0.13

86.78

2.62

0.61

15

0.13

89.35

2.70

0.42

15

0.25

84.94

4.07

0.94

20

0.15

79.13

2.13

1.14

25

0.21

83.50

3.10

0.91

25

0.14

78.09

2.33

1.62

30

0.14

83.05

2.72

1.20

32

0.13

66.09

3.02

1.39

35

0.20

75.87

2.48

1.04

40

0.17

74.07

2.08

1.53

50

0.26

65.97

1.76

2.70

60

0.23

69.18

2.66

1.13

70

0.22

66.31

1.42

2.26

Table 4.5

Variation of magnesium content with proportion of
fibres present in cast 415-0.08 Vf Saffil composite,
obtained from quantitative EPMA area analysis.
Area per cent fibres was measured using image analysis.

153

Spot

Element

Table 4.6

Area

Ave.

St. devn.

Ave.

St. devn.

Al

95.06

1.06

80.41

5.74

Cu

4.47

0.38

3.44

0.69

Mg

0.05

0.02

0.25

0.07

Si

0.13

0.04

0.40

0.11

Ag

0.55

0.06

0.42

0.11

Mn

0.32

0.19

0.21

0.06

Ti

0.20

0.12

0.16

0.09

Composition (in wt %) of solution-treated 415-0.08 Vf
Saffil composite matrix, obtained from quantitative
EPMA. Values are averages and standard deviations
from ten measurements.

Element

Table 4.7

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

95.55

1.08

95.77

1.13

Cu

3.02

1.08

2.40

0.45

Mg

0.01

0.02

0.19

0.11

Si

0.57

0.08

1.54

0.62

Ag

0.42

0.17

0.35

0.07

Mn

0.28

0.13

0.19

0.06

Ti

0.10

0.10

0.08

0.09

Composition (in wt %) of peak-aged 415-0.08 Vf Saffil
composite matrix, obtained from quantitative EPMA.
Values are averages and standard deviations from ten
measurements.
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Element

Table 4.8

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

93.85

1.46

74.22

6.00

Cu

2.77

0.68

3.06

0.43

Mg

0.10

0.03

0.13

0.02

Si

0.09

0.03

0.56

0.25

Ag

0.37

0.03

0.35

0.08

Mn

0.18

0.03

0.11

0.09

Ti

0.08

0.07

0.10

0.04

Composition (in wt %) of cast 415-0.26 Vf Saffil
composite matrix, obtained from quantitative EPMA.
Values are averages and standard deviations from ten
measurements.

Element

Table 4.9

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

94.42

1.16

73.77

3.04

Cu

4.46

0.55

5.18

2.04

Mg

0.02

0.02

0.14

0.03

Si

0.22

0.08

0.77

0.06

Ag

0.61

0.16

0.34

0.02

Mn

0.19

0.09

0.16

0.09

Ti

0.06

0.06

0.05

0.04

Composition (in wt %) of solution-treated 415-0.26 Vf
Saffil composite matrix, obtained from quantitative
EPMA. Values are averages and standard deviations
from ten measurements.
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Spot

Element

Table 4.10

Area

Ave.

St. devn.

Ave.

St. devn.

Al

97.37

0.97

91.12

3.13

Cu

4.19

0.38

2.87

0.50

Mg

0.02

0.01

0.17

0.06

Si

0 .t9

0.04

1.43

0.31

Ag

0.46

0.03

0.32

0.06

Mn

0.20

0.12

0.18

0.08

Ti

0.31

0.19

0.16

0.09

Composition (in wt %) of peak-aged 415-0.26 Vf Saffil
composite matrix, obtained from quantitative EPMA.
Values are averages and standard deviations from ten
measurements.
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0.1% proof strength
(MPa)

Tensile modulus
(GPa)

Failure stress
(MPa)

Failure strain

F0/C1
F0/C2
F0/C3

n/a
205
199

81
63
67

198
212
199

0.27
0.55
0.39

average
std. devn.

202
3

70
8

203
7

0.40
0.11

F0/A1
F0/A2
F0/A3

n/a
n/a
n/a

68
73
80

395
273
114

0.63
0.41
0.17

average
std. devn.

n/a
n/a

74
5

261
115

0.40
0.18

Sample

Table 4.11

Tensile test results for specimens of unreinforced 415 alloy (FO),
in cast (C) and peak-aged (A) conditions.

(%)

Specimen

Dynamic Modulus
(GPa)
CAST

AGED

Elastic Modulus
(GPa)
CAST
81
63
67

AGED

F0/C1
F0/C2
F0/C3
F0/A1
F0/A2
F0/A3

81
73
78
70
84
75

69
84
71

-------

68
73
80

Average

77

75

70

74

Std devn

5

7

8

5

Table 4.12

—
—

—
—

—
—

Comparison of dynamic and elastic (Young’s)
moduli for unreinforced 415 alloy (FO) in cast and
peak-aged conditions.
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Sample

0.1% proof strength
(MPa)

Tensile modulus
(GPa)

Failure stress
(MPa)

Failure strain

F8/C1
F8/C2
F8/C3
F8/C4
F8/C5
F8/C6

220
200
190
220
195
220

80
75
80
89
88
107

269
234
326
308
321
358

0.71
0.63
0.74
0.68
0.87
1.11

average
std. devn.

208
13

87
10

303
41

0.79
0.16

F8/A1
F8/A2
F8/A3
F8/A4
F8/A5

275
360
350
300
275

87
99
108
75
82

276
490
449
379
342

0.45
1.66
1.00
1.17
0.86

average
std. devn.

312
36

90
12

387
76

1.03
0.40

Table 4.13

(%)

Tensile test results for specimens of 415-0.08 Vf Saffil composite (F8),
in cast (C) and peak-aged (A) conditions.

Specimen

Dynamic Modulus
(GPa)
CAST

AGED

F8/C1
F8/C2
F8/C3
F8/C4
F8/C5
F8/C6
F8/A1
F8/A2
F8/A3
F8/A4
F8/A5

77
92
78
87
84
82
83
82
83
80
84

89
88
97
86
90

Average

83

Std devn

4

Table 4.14

—
—
—
—
—

Elastic Modulus
(GPa)
CAST
80
75
80
89
88
107

AGED

—
—
—
—
—

-------

87
99
108
75
82

90

87

90

3

10

12

—
—
—
—

Comparison of dynamic and elastic (Young's)
moduli for 415-0.08 Vf composite (F8) in cast and
peak-aged conditions.
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Sample

0.1% proof strength
(MPa)

Tensile modulus
(GPa)

Failure stress
(MPa)

Failure strain
(%)

F26/C1
F26/C2
F26/C3
F26/C4
F26/C5
F26/C6

180
200
n/a
245
260
n/a

84
85
110
85
98
110

299
321
202
370
364
200

0.88
0.88
0.20
1.09
0.70
0.21

average
std. devn.

221
32

95
11

293
69

0.66
0.34

F26/A1
F26/A2
F26/A3
F26/A4
F26/A5
F26/A6

325
250
310
315
250
140

118
83
115
78
83
91

544
413
507
437
436
350

1.39
1.44
1.20
1.01
1.78
1.92

average
std. devn.

265
64

95
16

448
63

1.46
0.31

Table 4.15

Tensile test results for specimens of 415-0.26
in cast (C) and peak-aged (A) conditions.

Vf

Saffil composite (F26),

Specimen

Dynamic Modulus
(GPa)
CAST

CAST

AGED

102
98
103
106
99
105

84
85
110
85
98
110
—
—
—
—
—
---

118
83
115
78
83
91

99

102

95

95

5

3

11

16

F26/C1
F26/C2
F26/C3
F26/C4
F26/C5
F26/C6
F26/A1
F26/A2
F26/A3
F26/A4
F26/A5
F26/A6

104
100
100
111
103
97
96
96
94
97
96
93

Average
Std devn

Table 4.16

AGED

Elastic Modulus
(GPa)

—
—
—
—
—

—
—
—
—
—

Comparison of dynamic and elastic (Young's)
moduli for 415-0.26 Vf composite (F26) in cast
and peak-aged conditions.
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Spot

Element

Table 4.17

Area

Ave.

St. devn.

Ave.

St. devn.

Al

96.29

0.95

93.81

1.52

Cu

1.71

0.51

1.90

0.92

Mg

0.83

0.12

0.89

0.10

Si

0.30

0.32

0.48

0.10

Ag

0.66

0.09

0.71

0.09

Mn

0.19

0.07

0.21

0.04

Ti

0.06

0.02

0.08

0.01

Composition (in wt %) of cast umeinforced 2124/Ag
alloy, obtained from quantitative EPMA. Values are
averages and standard deviations from ten measurements.

Spot

Element

Table 4.18

Area

Ave.

St. devn.

Ave.

St. devn.

Al

95.11

0.65

93.11

0.42

Cu

3.49

0.26

3.36

0.26

Mg

1.28

0.05

1.27

0.02

Si

<0.01

0.01

0.01

0.02

Ag

0.94

0.08

0.97

0.03

Mn

0.27

0.06

0.29

0.05

Ti

0.04

0.04

0.04

0.02

Composition (in wt %) of solution-treated unreinforced
2124/Ag alloy, obtained from quantitative EPMA.
Values are averages and standard deviations from ten
measurements.
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Spot

Element

Table 4.19

Area

Ave.

St. devn.

Ave.

St. devn.

Al

94.16

0.70

94.37

0.84

Cu

3.82

0.22

3.60

0.21

Mg

1.38

0.14

1.41

0.05

Si

0.07

0.05

0.13

0.06

Ag

1.00

0.08

0.95

0.06

Mn

0.45

0.20

0.32

0.07

Ti

0.06

0.05

0.06

0.03

Composition (in wt %) of peak-aged unreinforced
2124/Ag alloy, obtained from quantitative EPMA.
Values are averages and standard deviations from ten
measurements.

Element

Table 4.20

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

95.11

0.99

77.23

4.07

Cu

2.11

0.54

2.20

0.95

Mg

0.78

0.18

0.71

0.11

Si

0.05

0.05

0.53

0.14

Ag

0.70

0.15

0.70

0.12

Mn

0.21

0.04

0.20

0.06

Ti

0.05

0.03

0.04

0.04

Composition (in wt %) of cast 2124/Ag-0.08 Vf Saffil
composite matrix, obtained from quantitative EPMA.
Values are averages and standard deviations from ten
measurements.
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Spot

Element

Table 4.21

Area

Ave.

St. devn.

Ave.

St. devn.

Al

94.29

0.22

84.88

3.51

Cu

3.97

0.23

3.49

0.24

Mg

0.65

0.03

1.13

0.26

Si

0.05

0.04

0.17

0.08

Ag

1.02

0.03

0.96

0.03

Mn

0.26

0.05

0.22

0.04

Ti

0.02

0.03

0.04

0.04

Composition (in wt %) of solution-treated 2124/Ag-0.08 Vf
Saffil composite matrix, obtained from quantitative EPMA.
Values are averages and standard deviations from ten
measurements.

Spot

Element

Table 4.22

Area

Ave.

St. devn.

Ave.

St. devn.

Al

93.90

0.50

95.37

0.62

Cu

3.79

0.29

2.90

0.54

Mg

0.68

0.06

1.21

0.30

Si

0.36

0.11

1.04

0.20

Ag

1.01

0.09

0.77

0.10

Mn

0.17

0.02

0.28

0.11

Ti

0.04

0.04

0.07

0.07

Composition (in wt %) of peak-aged 2124/Ag-0.08 Vf Saffil
composite matrix, obtained from quantitative EPMA. Values
are

averages

and

measurements.
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standard

deviations

from

ten

Element

Table 4.23

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

95.72

1.05

68.41

2.12

Cu

2.27

0.62

2.69

1.12

Mg

0.33

0.07

1.03

0.29

Si

0.52

0.42

1.60

0.14

Ag

0.91

0.24

0.88

0.14

Mn

0.25

0.02

0.22

0.04

Ti

0.02

0.01

0.02

0.01

Composition (in wt %) of cast 2124/Ag-0.26 Vf Saffil
composite matrix, obtained from quantitative EPMA. Values
are

averages

and

measurements.
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standard

deviations

from

ten

Area % fibres

Mg wt %

Al wt %

Cu wt %

Si wt %

10

0.22

84.56

2.65

1.12

15

0.42

85.35

3.02

1.18

18

0.20

86.76

3.21

1.21

26

0.60

73.86

2.80

0.97

30

0.91

78.99

3.09

1.35

30

0.83

78.09

2.50

1.42

35

0.82

71.68

2.71

1.02

40

0.66

80.52

2.93

1.30

45

0.69

72.85

2.97

1.01

50

1.05

72.03

2.89

1.47

60

0.74

66.39

2.26

1.64

70

1.03

64.19

2.28

1.78

Table 4.24

Variation of magnesium content with proportion of
fibres present in cast 2124/Ag-0.26 Vf Saffil composite,
obtained from quantitative EPMA area analysis.
Area per cent fibres was measured using image analysis.
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Element

Table 4.25

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

95.14

0.95

76.37

6.74

Cu

3.44

0.26

2.72

0.34

Mg

0.08

0.02

0.66

0.27

Si

0.90

0.16

1.29

0.24

Ag

0.97

0.05

0.94

0.07

Mn

0.25

0.01

0.19

0.07

Ti

<0.01

0.01

0.01

0.01

Composition (in wt %) of solution-treated 2124/Ag-0.26 Vf
Safifil composite matrix, obtained from quantitative EPMA.
Values are averages and standard deviations from ten
measurements.

Element

Table 4.26

Spot

Area

Ave.

St. devn.

Ave.

St. devn.

Al

93.34

0.67

85.44

6.67

Cu

3.07

1.18

2.59

0.31

Mg

0.01

0.01

0.77

0.38

Si

2.69

0.59

2.76

0.36

Ag

0.94

0.03

0.61

0.11

Mn

0.38

0.29

0.16

0.11

Ti

0.11

0.13

0.02

0.04

Composition (in wt %) of peak-aged 2124/Ag-0.26 Vf Saffil
composite matrix, obtained from quantitative EPMA. Values
are

averages

and

measurements.
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standard

deviations

from

ten

Sample

0.1% proof strength
(MPa)

Tensile modulus
(GPa)

Failure stress
(MPa)

Failure strain

G0/C1
G0/C2
G0/C3
G0/C4
G0/C5
G0/C6

170
235
190
n/a
255
250

71
81
70
76
92
92

208
282
235
131
299
277

1.05
1.00
1.16
0.19
1.92
0.61

average
std. devn.

220
34

77
11

238
57

0.99
0.53

G0/A1
G0/A2
G0/A3
G0/A4
G0/A5
G0/A6
G0/A7

420
440
460
n/a
n/a
420
200

70
66
67
68
53
71
58

426
466
476
420
100
429
228

0.73
1.92
1.02
0.69
0.22
1.92
1.92

average
std. devn.

388
95

65
6

363
132

1.20
0.66

Table 4.27

(%)

Tensile test results for specimens of unreinforced 2124/Ag alloy (GO),
in cast (C) and peak-aged (A) conditions.

Specimen

Dynamic Modulus
(GPa)
CAST

AGED

Elastic Modulus
(GPa)
CAST
71
81
70
76
92
92
59

AGED

G0/C1
G0/C2
G0/C3
G0/C4
G0/C5
G0/C6
G0/C7
G0/A1
G0/A2
G0/A3
G0/A4
G0/A5
G0/A6
G0/A7

67
74
80
72
80
75
72
80
81
79
72
69
70
77

82
76
77
69
70
76
77

--------

Average

75

75

77

65

Std devn

4

4

11

6

Table 4.28

—
—
—
—
—
—

—
—
—
—
—
—

_

—
—
—
—
—
—

70
66
67
68
53
71
58

Comparison of dynamic and elastic (Young's)
moduli for unreinforced 2124/Ag alloy (GO) in
cast and peak-aged conditions.
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0.1% proof strength
(MPa)

Tensile modulus
(GPa)

Failure stress
(MPa)

Failure strain

G8/C1
G8/C2
G8/C3
G8/C4
G8/C5

255
235
250
260
240

98
101
100
98
87

283
352
331
349
333

0.44
0.76
0.71
0.78
0.70

average
std. devn.

248
9

97
5

330
25

0.67
0.12

G8/A1
G8/A2
G8/A3
G8/A4

n/a
n/a
n/a
n/a

80
99
82
78

429
522
413
377

0.55
0.57
0.51
0.48

average
std. devn.

n/a
n/a

85
8

435
53

0.53
0.03

Sample

Table 4.29

(%)

Tensile test results for specimens of 2124/Ag-0.08 Vf Saffil composite (G 8 ),
in cast (C) and peak-aged (A) conditions.

Specimen

Dynamic Modulus
(GPa)
CAST

AGED

Elastic Modulus
(GPa)
CAST

AGED

G8/C1
G8/C2
G8/C3
G8/C4
G8/C5
G8/A1
G8/A2
G8/A3
G8/A4

87
89
87
82
83
74
74
79
72

81
79
79
76

Average

81

79

97

85

Std devn

6

1

5

8

Table 4.30

—
—
—

98
101
100
98
87
—
—
—
_

—
—
—

80
99
82
78

Comparison of dynamic and elastic (Young's)
moduli for 2124/Ag-0.08 Vf composite (G 8 ) in
cast and peak-aged conditions.

172

Sample

0.1% proof strength
(MPa)

Tensile modulus
(GPa)

Failure stress
(MPa)

Failure strain
(%)

G26/C1
G26/C2
G26/C3
G26/C4
G26/C5
G26/C6

250
210
190
n/a
n/a
n/a

97
95
91
89
88
103

297
264
355
200
155
173

0.59
0.47
0.63
0.22
0.18
0.22

average
std. devn.

217
25

94
5

241
71

0.38
0.18

G26/A1
G26/A2
G26/A3
G26/A4
G26/A5

265
240
220
310
n/a

84
91
110
123
84

289
244
295
316
229

0.48
0.31
0.60
0.38
0.32

average
std. devn.

259
34

98
16

274
33

0.42
0.11

Table 4.31

Tensile test results for specimens of 2124/Ag-0.26 Vf Saffil composite (G26),
in cast (C) and peak-aged (A) conditions.

Specimen

Dynamic Modulus
(GPa)

Elastic Modulus
(GPa)

CAST

AGED

CAST

AGED

G26/C1
G26/C2
G26/C3
G26/C4
G26/C5
G26/C6
G26/A1
G26/A2
G26/A3
G26/A4
G26/A5

104
98
110
107
99
99
102
95
89
108
88

—
—
—
—
—
102
88
97
103
96

97
95
91
89
88
103
—
—
—
—
—

—
—
—
—
—
84
91
110
123
84

Average

100

97

94

98

Std devn

7

5

5

16

Table 4.32

Comparison of dynamic and elastic (Young’s)
moduli for 2124/Ag-0.26 Vf composite (G26) in
cast and peak-aged conditions.
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Alloy

0.08 Vf composite

0.26 Vf composite

cast

peak-aged

cast

peak-aged

cast

peak-aged

Magnesium level in matrix (wt %)

0.22 ±0.03

0.34 ±0 .0 4

0.13 ±0 .0 2

0.01 ± 0.02

0.10 ± 0 .0 3

0.02 ±0.01

Matrix peak hardness (HV)

—

150± 3

—

111 ± 6

—

122 ± 6

Time to matrix peak hardness (hours)

—

4

—

2

—

2

Precipitate in peak-aged matrix

—

0' and ft

—

0'

—

0'

Elastic modulus (GPa)

70 ± 8

74 ± 5

87 ± 1 0

9 0 ± 12

95 ±11

95 ± 1 6

Dynamic modulus (GPa)

77 ± 5

75 ± 7

83 ± 4

90 ± 3

99 ± 5

102 ± 3

0.1 % proof stress (M Pa)

202 ± 3

n.d.

208 ± 1 3

312 ± 3 6

221 ± 32

265 ± 64

Failure strain (%)

0.40 ±0.11

0.40 ±0 .1 8

0.79 ± 0 .1 6

1.03 ±0 .4 0

0.66 ±0 .3 4

1.46 ±0.31

Tensile (failure) strength (M Pa)

203 ± 7

261 ± 1 1 5

303 ± 41

387 ± 7 6

293 ± 6 9

448 ± 63

Table 5.1

Summary of results for 415-based materials.
Figures given are averages ± standard deviations where appropriate.
Magnesium levels obtained from EPMA 'spot' analysis; n.d. denotes instances where
the value of 0 . 1 % proof stress could not be deduced.

Alloy

Magnesium level in matrix (wt %)

0.08 Vf composite

0.26 Vf composite

cast

peak-aged

cast

peak-aged

cast

peak-aged

0.8 3 1 0 .1 2

1.3810.14

0 .7 8 1 0 .1 8

0 .6 8 1 0 .0 6

0.3310.07

0.0110.01

Matrix peak hardness (HV)

16512

—

16816

—

14916

Time to matrix peak hardness (hours)

—

7

—

4

—

2

Precipitate in peak-aged matrix

—

0' and f t

—

0' and ft

—

0' (some ft)

Elastic modulus (GPa)

77111

6516

9715

8518

9415

98116

Dynamic modulus (GPa)

7514

7514

81 1 6

7911

10017

9715

0.1 % proof stress (MPa)

220134

388195

24819

n.d.

217125

259134

Failure strain (%)

0 .9 9 1 0 .5 3

1.2010.66

0 .6 7 1 0 .1 2

0 .5 3 1 0 .0 3

0.3810.18

0.4210.11

Tensile (failure) strength (MPa)

238157

3 6 31132

330125

435153

241 171

274133

Table 5.2

Summary of results for 2124/Ag-based materials.
Figures given are averages ± standard deviations where appropriate.
Magnesium levels obtained from EPMA 'spot* analysis; n.d. denotes instances where
the value of 0 . 1 % proof stress could not be deduced.

Figure 1.1

Schematic diagram showing the possible orientations of Saffil
preforms [53].
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thermal insulation
heating element

die <
-4»»»

Figure 1.2

fibre preform

Schematic illustration of the squeeze-casting apparatus used for
composite fabrication.

S hear stress at
fibre-matrix interface

Tensile stress
in fibre

I
<

<

►
\J 2

Figure 1.3

►
\J 2

Variation of tensile stress in a short fibre and shear stress at the
fibre-matrix interface with fibre length, 1. The end regions over which
stress transfer from matrix to fibre occurs constitute an ineffective
length. The full reinforcing potential of a short fibre may only be
realised if its length, 1, is greater than lc, the so-called critical length
[3].
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Copper, wt %

Figure 1.4

Aluminium-rich region of the binary aluminium-copper equilibrium
phase diagram, a represents solid solution of copper in aluminium;
0 represents equlibrium C uA12 precipitate; L represents liquid.
(After Smallman [1].)

178

Effect of temperature on the free energy of formation of a precipitate
particle as a function of its radius.
r0 = critical radius required for nucleation.
(After Reed-Hill and Abbaschian [153].)

Moving dislocation line —•

Dislocation loop left behind

Figure 1.6

Schematic representation of the Orowan mechanism, whereby a
dislocation bows around relatively widely-spaced precipitates and
passes between them. The hardening effect is small and the mechanism
is associated with over-aged alloys. (After Smallman [1].)

180

Figure 1.7

The principle of coherency strain hardening [154]:
(a)

supersaturated solid solution, with solute atoms (filled circles)
distributed uniformly through solvent lattice (open circles)

(b)

solute atoms have diffused upon ageing but are still coherent
with the solvent lattice, providing coherency strain hardening

(c)

after further ageing solute has separated as a non-coherent
precipitate, so coherency strains are removed.

181

Hardness

(H V )
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120-

100

-

806040
0.01

0.1

10

100

A geing tim e (days)

Figure 1.8

Variation of age hardening with ageing temperature for
Al-4 wt % Cu alloy. The rate of hardening increases with
increasing temperature, while the peak hardness obtained
decreases. (After Smallman [1].)
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M a g n e s iu m , w t %

Figure 1.9

Phases present in the ternary aluminium-copper-magnesium system
after long-term ageing at 190°C.
Solid line represents phase boundary at 500°C.
Dashed lines represent possible phase boundaries at 190°C.
(After Silcock and Parsons [155].)
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thermocouple

stirring rod

silver

molten
2 1 2 4 alloy

Figure 3.1

Schematic representation of stir-casting process used for incorporating
silver into 2124 alloy.
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40 |im

Figure 3.2

SEM micrograph of as-received Saffil fibres, showing uniform
distribution and planar-random orientation. The specimen of fibres
was coated with colloidal graphite to minimise charging effects.

185

20 mm

Figure 3.3

Section through squeeze-cast 2124/Ag-based billet showing three
layers of material: the top layer is unreinforced alloy, the central layer
is 0.08 Vf composite and the bottom layer is 0.26 Vf composite.
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W .v U

V f w
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0 .2 6 V , c o m p o site

Figure 3.4

Schematic illustration of the cutting route used to obtain tensile test
specimens from cast billets. Each billet provided a maximum of
thirteen specimens for each of the three materials.
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Incident electron beam
[ Auger electrons]

V

^ V Backscattered primary
electrons

(X-rays]

Secondary electrons

[Light]

Specimen
Absorbed electrons
Inelastically scattered
electrons
Elastically scattered
electrons

[Energy loss electrons]

Unscattered electrons

Figure 3.5

The ways in which an electron beam may interact with a specimen
[156].
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(a)
dim p lin g w h e e l

s p e c im e n

m e ta l b a s e

(b )

D d im p le d ia m e te r
x d im p le d ep th
R w h e e l d ia m e te r

Figure 3.6

* - u'O'*
,

(a)

Geometry of dimpling operation used for TEM specimens.

(b)

Calculation of specimen thickness from dimple diameter.

189

20 mm

Figure 3.7

Representative tensile test specimens with end tabs attached.
Strain gauges (a) and contact pads (b) are also shown.
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Go/At

G tf/ra

40 mm
Figure 3.8

All tensile test specimens used:

(a)

415 system

(b)

2124/Ag system.

All specimens had end tabs, strain gauges and contact pads attached
before testing.
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Figure 4.1

X-ray diffraction analysis of Saffil fibres indicating the 8-alumina
phase. The lower plot is the standard spectrum for 8-alumina,
normalised with respect to the highest peak.
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Optical micrograph (DIC) of cast unreinforced 415 alloy, showing
regions of CuAl2 phase.

Optical micrograph of cast unreinforced 415 alloy showing the
dendritic grain structure. The specimen was etched and viewed under
polarised light

(a)

(b)

5 [im

Figure 4.4

SEM micrographs of cast unreinforced 415 alloy showing coring of
copper:

(a)

backscattered image

(b)

x-ray line scan for copper.
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100 fim

Figure 4.5

SEM micrographs of cast unreinforced 415 alloy showing coring of
copper:

(a)

secondary electron image

(b)

backscattered electron image.
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022

222

Cast unreinforced 415 alloy:
(a)

TEM micrograph showing precipitates

(b)

electron diffraction pattern

(c)

diffraction pattern indexed according to 0' on {100} planes of
the aluminium lattice. Beam direction [011].
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intensity

x-ray energy

Figure 4.6

Cast unreinforced 415 alloy:
(d)

electron diffraction pattern from a region of cast unreinforced
415 alloy containing no precipitates. Beam direction [001]

(e)

indexed diffraction pattern

(f)

EDS spectrum from alloy.
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400 fim
Figure 4.7

Optical micrograph of solution-treated unreinforced 415 alloy
showing the grain structure. The specimen was etched and viewed
under polarised light.

(a)

(b)

Figure 4.8

5 |iim
SEM micrographs of solution-treated unreinforced 415 alloy showing
no coring of copper: (a)
backscattered image
(b)
x-ray line scan for copper.
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(b )
Figure 4.9

Variation of Vickers microhardness with ageing time for unreinforced
415 alloy:

(a)

at 140°C,

(b)

at 185°C.

Data are averages from at least ten measurements. Error bars represent
95 % confidence limits; where no error bar is shown, the confidence
limit is smaller than the point marker.
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200 nm

Figure 4.10

(a)

TEM micrograph of peak-aged unreinforced 415 alloy,
showing the presence of thin plate-like precipitates.
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Figure 4.10

peak-aged unreinforced 415 alloy:
(b)

TEM micrograph with precipitates viewed edge-on

(c)

electron diffraction pattern

(d)

diffraction pattern indexed acording to the 0' phase.
Beam direction [001].
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Peak-aged unreinforced 415 alloy:
(a)

TEM micrograph showing three sets of edge-on precipitates

(b)

electron diffraction pattern

(c)

diffraction pattern indexed according to Q on {111} planes of
aluminium lattice as well as 0' on {100} planes.
Beam direction [011].
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Figure 4.12

Optical micrograph (DIC) of cast 415-0.08 Vf Saffil composite,
showing good infiltration and fibre distribution.
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Figure 4.13

Optical micrograph of cast 415-0.08 Vf Saffil composite showing
the grain structure. The specimen was etched and viewed under
polarised light

4 (im

Figure 4.14

SEM micrograph of an area of cast 415-0.08 Vf composite analysed in
the EPMA. The black regions are the Saffil fibres which occupy
~ 40 % of the total area. The grey region is matrix and the white
regions are C uA12-
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Figure 4.15

(a)

TEM micrograph of cast 415-0.08 Vf Saffil composite showing
precipitates between fibres

(b)

electron diffraction pattern

(c)

indexed diffraction pattern; streaking indicates 0' on {100}
planes of aluminium lattice. Beam direction [001].

(d)

EDS spectrum from a region of matrix.
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Figure 4.16

Saffil fibre:

(a)

TEM micrograph showing fine crystal structure

(b)

electron diffraction pattern with indexing

(c)

EDS spectrum from a fibre.
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Figure 4.17

TEM micrograph of cast 415-0.08 Vf composite, showing
dislocations near the fibre-matrix interface.

*

40 (im
Figure 4.18

Optical micrograph (DIC) of solution-treated 415-0.08 Vf composite
showing a few small areas of CuAl2 between fibres.
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Figure 4.19

Variation of Vickers microhardness with ageing time for
415-0.08 Vf composite aged at 185°C. Data are averages from at
least ten measurements. Error bars represent 95 % confidence limits.
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Figure 4.20

TEM micrograph of peak-aged 415-0.08 Vf composite, showing
precipitates and dislocations near Saffil fibres.
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Figure 4.21

EDS spectrum from region of matrix in peak-aged 415-0.08 Vf
composite, showing no peak for magnesium.

209

(b)

x-ray energy

100 nm
Figure 4.22

Fibre-matrix interface of peak-aged 415-0.08 Vf composite:
(a)

TEM micrograph showing interfacial layer (I) between matrix
(M) and fibre (F)

(b)

EDS spectrum from interfacial layer (I).

800 nm
Figure 4.23

TEM micrograph of peak-aged 415-0.08 Vf composite, showing small
particles on the surface of a Saffil fibre. The particles were found by
EDS to contain only aluminium and copper.
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Figure 4.24

Optical micrograph (DIC) of cast 415-0.26 Vf composite showing
good infiltration and fibre distribution.

200 Jim
Figure 4.25

Optical micrograph of cast 415-0.26 Vf composite showing the grain
structure. The specimen was etched and viewed under polarised light

211

Figure 4.26

Cast 415-0.26 Vf composite:
(a)

TEM micrograph showing precipitates in the matrix and
some particles at the fibre-matrix interface

(b)

EDS spectrum from interfacial particle.

20 pm
Figure 4.27

Optical micrograph (DIC) of solution-treated 415-0.26 Vf composite.

Vickers microhardness (hi/)
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Figure 4.28

Variation of Vickers microhardness with ageing time for
415-0.26 Vf composite aged at 185°C. Data are averages from at
least ten measurements. Error bars represent 95 % confidence limits.
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Figure 4.29

TEM micrographs of peak-aged 415-0.26 Vf composite, showing:
(a)

square plate-like 0' precipitates in the matrix

(b)

large numbers of dislocations in the matrix near fibres.
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Figure 4.29

(c)

EDS spectrum from matrix of peak-aged 415-0.26 Vf
composite, showing no peak for magnesium.
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Figure 4.30

Fibre-matrix interface of peak-aged 415-0.26 Vf composite:
(a)

TEM micrograph showing interfacial layer (I) between matrix
(M) and fibre (F)

(b)

EDS spectrum from interfacial layer (I), showing a peak for
magnesium.
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Figure 4.31
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Typical tensile stress-strain curve for cast unreinforced
415 alloy (specimen F0/C2).
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Figure 4.32

SEM micrographs showing the typical appearance of the fracture
surface of cast unreinforced 415 alloy after tensile testing. The surface
was typical of ductile failure, with pulled ligaments of alloy visible.
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Figure 4.33
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0.4

Typical tensile stress-strain curve for
unreinforced 415 alloy (specimen F0/A2).
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Figure 4.34

SEM micrographs showing the typical appearance of the fracture
surface of peak-aged unreinforced 415 alloy after tensile testing. The
'cup and cone' appearance was typical of ductile failure, and some
pores and cracks are also visible.
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Typical tensile stress-strain curve for cast 415-0.08 Vf
composite (specimen F8/C5).
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SEM micrographs showing the typical appearance of the fracture
surface of cast 415-0.08 Vf composite after tensile testing:
(a)

fibre pull-out from the matrix

(b)

brittle cracking of matrix around a fibre

(c)

cracking of a fibre well-bonded to the matrix.
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Figure 4.37
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Typical tensile stress-strain curve for peak-aged
415-0.08 Vf composite (specimen F8/A3).
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Figure 4.38

SEM micrographs showing the fracture surface of peak-aged
415-0.08 Vf composite after tensile testing:
(a)

typical appearance of the surface, with fibres in all directions
and many failure modes visible

(b)

evidence of fibre pull-out

(c)

yield of matrix around fibres.
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Figure 4.38

SEM micrographs showing the fracture surface of peak-aged
415-0.08 Vf composite after tensile testing:
(d)

fibres protruding into matrix pores

(e)

cracked region, showing rough nature of surface.
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Figure 4.39
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Typical tensile stress-strain curve for cast 415-0.26 Vf
composite (specimen F26/C1).
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Figure 4.40

SEM micrographs showing the typical appearance of the fracture
surface of cast 415-0.26 Vf composite after tensile testing:
(a)

pull-out of fibres from matrix

(b)

matrix yield around fibres, one of which is cracked.
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Figure 4.41

Typical tensile stress-strain curve for peak-aged
415-0.26 Vf composite (specimen F26/A1).
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SEM micrographs showing the typical appearance of the fracture
surface of peak-aged 415-0.26 Vf composite after tensile testing:
(a)

fibre/matrix debonding, pull-out of fibres from the matrix and
matrix yield

(b)

cracking of fibres oriented transverse to the applied stress.
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Figure 4.43

SEM micrograph of cast unreinforced 2124/Ag
alloy after incorporation

of silver,

showing

dendritic structure and regions of CuAl2 phase.
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Figure 4.44

Jim

Optical micrograph (DIC) of cast unreinforced 2124/Ag alloy cut
from top of squeeze-cast billet, showing dendritic structure and
regions of C uA12 phase.
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Figure 4.45

Jim

Optical micrograph of cast unreinforced 2124/Ag alloy showing
dendritic grain structure. The specimen was etched and viewed
under polarised light

(a)

(b)
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Figure 4.46

Jim

SEM micrographs of cast unreinforced 2124/Ag alloy:

(a)

secondary electron image

(b)

backscattered electron image showing coring of copper.
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Figure 4.47

Cast unreinforced 2124/Ag alloy:
(a)

TEM micrograph showing typical microstructure consisting of
fine perpendicular precipitates

(b)

electron diffraction pattern, indexed according to 0' precipitates
on {100} planes of aluminium lattice. Beam direction [001].
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Figure 4.47

Cast unreinforced 2124/Ag alloy:
(c)

TEM micrograph of a grain boundary showing
change in orientation of precipitates

(d)

typical EDS spectrum from alloy.
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Figure 4.48

(a)

Optical micrograph (DIC) of solution-treated unreinforced
2124/Ag alloy, showing a homogeneous structure with very
little CuAl2 phase.

400 pm
Figure 4.48

(b)

Optical micrograph of solution-treated unreinforced
2124/Ag alloy showing grain structure. The specimen was
etched and viewed under polarised light
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Figure 4.49

SEM micrographs of solution-treated unreinforced 2124/Ag alloy
showing no coring of copper:
(a)
backscattered image
(b)
x-ray line scan for copper.
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Figure 4.50

Variation of Vickers microhardness with ageing time for unreinforced
2124/Ag alloy aged at 185°C. Data are averages from at least ten
measurements. Error bars represent 95 % confidence limits; where no
error bar is shown, the confidence limit is smaller than the point
marker.
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Figure 4.51

Peak-aged unreinforced 2124/Ag alloy:
(a)

TEM micrograph showing square plate-like precipitates

(b)

electron diffraction pattern indexed according to 0' precipitates
on {100} planes of aluminium lattice. Beam direction [001].
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Another region of peak-aged unreinforced 2124/g alloy:
(a)

TEM micrograph showing three sets of edge-on precipitates

(b)

electron diffraction pattern

(c)

pattern indexed according to 0' and Q precipitates on {100}
and {111} planes respectively of the aluminium lattice.
Beam direction [Oil].
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Figure 4.54

Optical micrograph (DIC) of cast 2124/Ag-0.08 Vf Saffil composite,
showing good infiltration and a few small areas of CuA^.

400 (im
Figure 4.55

Optical micrograph of cast 2124/Ag-0.08 Vf composite showing the
equiaxed grain structure. The specimen was etched and viewed under
polarised light
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Figure 4.53

EDS spectrum from peak-aged unreinforced 2124/Ag alloy,
showing peaks for aluminium, copper, magnesium and silver.
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Figure 4.56

Cast 2124/Ag-0.08 Vf composite:
(a)

TEM micrograph showing typical matrix microstructure

(b)

EDS spectrum from the matrix, showing peaks for aluminium,
copper, magnesium and silver.
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Figure 4.56

(c)

TEM micrograph of smooth fibre-matrix interface in
cast 2124/Ag-0.08 Vf composite, showing dislocations
extending into the matrix.
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Figure 4.57

Optical micrograph of solution-treated 2124/Ag-0.08 Vf composite
showing very little CuA12 phase.
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Figure 4.58

Variation of Vickers microhardness with ageing time for
2124/Ag-0.08 Vf composite aged at 185°C. Data are averages from at
least ten measurements. Error bars represent 95 % confidence limits.
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Figure 4.59

TEM micrographs of peak-aged 2124/Ag-0.08 Vf composite:
(a)

many precipitates near fibres

(b)

precipitates on three edge-on directions indicate both 0' and 12.
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Figure 4.60

TEM micrograph of peak-aged 2124/Ag-0.08 Vf composite
showing a matrix grain boundary. Three sets of edge-on precipitates
are visible.
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Figure 4.61

Peak-aged 2 124/Ag-0.08 Vf composite:
(a)

TEM micrograph showing interfacial layer (I) extending from
fibre (F) into matrix (M)

(b)

EDS spectrum from this interfacial layer.
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Figure 4.62

EDS spectrum from matrix of peak-aged 2124/Ag-0.08 Vf composite.

100 nm

Figure 4.63

TEM micrograph of peak-aged 2 124/Ag-0.08 Vf composite showing
a smooth interface between fibre (F) and matrix (M) with no
interfacial reaction layer.
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Figure 4.64

Optical micrograph (DIC) of cast 2124/Ag-0.26 Vf Saffil composite,
showing good infiltration and fibre distribution.
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Figure 4.65

Optical micrograph of cast 2124/Ag-0.26 Vf composite showing the
grain structure of the matrix. The specimen was etched and viewed
under polarised light.
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Figure 4.66

SEM micrograph of an area of cast 2 124/Ag-0.26 Vf composite
analysed in the EPMA. The black regions are the Saffil fibres which
occupy - 60 % of the total area. The grey region is matrix and the
white regions are CuA^.
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X-ray line scan for magnesium across a section of the cast 2124/Ag billet using EPMA:
(a) unreinforced alloy, (b) 0.08 Vf composite, (c) 0.26 Vf composite.

x-ray energy

250 nm
Figure 4.68

Cast 2124/Ag-0.26 Vf composite:
(a)

TEM micrograph showing three sets of edge-on precipitates in
the matrix

(b)

TEM micrograph showing a helical dislocation and precipitates

(c)

typical EDS spectrum from matrix regions.
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Figure 4.68

(d)

TEM micrograph of interface between fibre (F) and matrix
(M), showing some precipitates on fibre surface forming a
thin interfacial layer (I). This layer was found by EDS to
contain copper and aluminium.
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Figure 4.69

Optical micrograph (DIC) of solution-treated 2124/Ag-0.26 Vf
composite, showing small regions of CuAl2 phase at the edge of
the fibre preform (the centre of the picture).
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Figure 4.70
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Variation of Vickers microhardness with ageing time for
2124/Ag-0.26 Vf composite aged at 185°C. Data are averages from at
least ten measurements. Error bars represent 95 % confidence limits.
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Figure 4.71

TEM micrographs of peak-aged 2124/Ag-0.26 Vf composite:
(a)

typical microstructure, with large numbers of precipitates on
three edge-on directions in the matrix around a fibre

(b)

dislocations extending from fibre (F) into matrix (M).
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Figure 4.72

Peak-aged 2124/Ag-0.26 Vf composite:
(a)

TEM micrograph of a Saffil fibre covered in particles,
forming a layer on the fibre surface

(b)

EDS spectrum from the interfacial layer, showing peaks
for aluminium, magnesium and silicon.
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Typical tensile stress-strain curve for cast
unreinforced 2124/Ag alloy (specimen G0/C2).
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Figure 4.74
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SEM micrographs showing the appearance of the fracture
surface of cast unreinforced 2124/Ag alloy after tensile testing:
(a)

general mottled appearance, typical of ductile failure

(b)

'stepped' surface indicative of yield of the alloy

(c)

region showing evidence of ductile ’cup and cone' failure and
also brittle cracking of the alloy.
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Figure 4.75

Typical tensile stress-strain curve for peak-aged
unreinforced 2124/Ag alloy (specimen G0/A2).
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SEM micrographs showing the appearance of the fracture
surface of peak-aged unreinforced 2124/Ag alloy after tensile testing:
(a)

'cup and cone' texture typical of ductile failure

(b)

as above, but also with a few small cracks visible.
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Typical tensile stress-strain curve for cast
2124/Ag-0.08 Vf composite (specimen G8/C3).
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Figure 4.78

SEM micrographs showing the appearance of the fracture
surface of cast 2124/Ag-0.08 Vf composite after tensile testing:
(a)

matrix yield (’cup and cone' texture) around a pulled-out fibre

(b)

cracking in a fibre oriented transverse to applied stress, and
fibre-matrix debonding

(c)

cracks in matrix around generally well-bonded fibres.
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Typical tensile stress-strain curve for peak-aged
2124/Ag-0.08 Vf composite (specimen G8/A3).
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Figure 4.80

SEM micrographs showing the appearance of the fracture surface
of peak-aged 2124/Ag-0.08 Vf composite after tensile testing:
(a)

ductile failure of matrix (’cup and cone' texture), and brittle
cracking of a fibre

(b)

brittle cracking of matrix around fibres.
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Figure 4.80 (cont.)

Jim

SEM micrograph of the fracture surface of peak-aged
2124/Ag-0.08 Vf composite after tensile testing:
(c)

fibre debonding and pulling out of the matrix.
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Typical tensile stress-strain curve for cast
2124/Ag-0.26 Vf composite (specimen G26/C3).
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Figure 4.82

SEM micrographs of the fracture surface of cast 2124/Ag-0.26 Vf
composite after tensile testing:
(a)

general appearance, showing many failure modes and
fibres oriented in all directions

(b)

ductile matrix failure and brittle cracking of fibres.
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Figure 4.82 (cont.)

SEM micrographs of the fracture surface of cast
2124/Ag-0.26 Vf composite after tensile testing:
(c)

the dark holes indicate fibres which have pulled-out of
the matrix

(d)

brittle failure of matrix and fibre

(e)

a crack propagating through the composite transverse
to the applied load.
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Typical tensile stress-strain curve for peak-aged
2124/Ag-0.26 Vf composite (specimen G26/A4).
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Figure 4.84
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SEM micrographs of the fracture surface of peak-aged
2124/Ag-0.26 Vf composite after tensile testing:
(a)

matrix yield around fibres, some of which are well-bonded to
the matrix and some of which have cracked

(b)

matrix yield and fibre-matrix debonding.
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Figure 5.1

Ellingham diagram for oxide formation, showing standard free energy
of formation, AG°j, based on one mole of oxygen for a number of
metal oxides as a function of temperature [157]. The letters M, B or T
represent the melting, boiling and transition points respectively for the
element. The diagram shows that, up to a temperature of ~ 1750 K
(~ 1480°C), MgO is more stable than A120 3.
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Figure 5.2

Orientation of 0' and O phases in the cubic lattice of aluminium:
(a)

0' precipitates on {100} planes, shown in red

(b)

O precipitates on {111} planes, shown in blue.
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Figure 5.3

Schematic representation of cutting of a precipitate by a dislocation:
(a)

dislocation approaches precipitate

(b)

precipitate is sheared by dislocation and a new area of
precipitate-matrix interface is created.
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Figure 5.4

2 1 24/Ag system

Histogram showing the volume fraction (in %) of 0' (theta') and Q
(omega) precipitates in peak-aged 415- and 2124/Ag-based materials.
On the horizontal axis, 'O' refers to unreinforced alloy (fibre volume
fraction, Vf = 0), '8' refers to composite with Vf = 0.08 and '26' refers
to composite with Vf = 0.26.
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